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ADVANCED METALS INITIATIVE

The Advanced Metals Initiative (AMI) was
established by the Department of Science
and Technology to facilitate research,
development and innovation across the
advanced metals value chain.

GOAL

To target significant export income and new
industries for South Africa by 2020 through
the country becoming a world leader in
sustainable metals production and manu-
facturing via technological competence and
optimal, sustainable local manufacturing of
value-added products, while reducing
environmental impact.

STRATEGY

The AMI takes an integrated approach
across the entire value chain from resource
development to metal production and the
manufacture of end-products, to achieve its
goal, through:

• Reducing the energy required to
produce metals by 30%;

• Increasing asset productivity by 30%;

• Developing technologies that can
enable new industries for South Africa;
and,

• Reducing the full life cycle
environmental impact of metals
products by 50%.

TECHNOLOGY NETWORKS

The AMI’s technology networks include:

• the Light Metals Development Network
(LMDN) for titanium and aluminium co-
ordinated by the Council for Scientific
and Industrial Research (CSIR);

• the Precious Metals Development
Network (PMDN) for gold and the
platinum group metals (PGMs), co-
ordinated by Mintek;

• the Nuclear Materials Development
Network (NMDN) for hafnium,
zirconium and monazite co-ordinated
by The South African Nuclear Energy
Corporation of SOC Ltd. (Necsa).

• the Ferrous Metals Development
Network (FMDN) for ferrous and base
metals, co-ordinated by Mintek.

To lead a global revolution in advanced
Metals generating significant export
income and new industries for South Africa
while reducing environmental impact.

The AMI promotes collaborative research
between the science councils, higher
education institutions and industry.

Human resource development is critical for
the networks to:

- expand the country’s technical
capacity;

- develop the use of metals in new
applications and more diverse
industries; and

- develop industrial localisation.

LIGHT METALS DEVELOPMENT
NETWORK

• Global demand for ultralight,
ultrastrong, recyclable metals is
growing as the world switches to low-
emission vehicles, energy-saving
devices and sustainable products.

• Aluminium demand is forecast to
increase by 30% in the near future,
while for the emerging industrial light
metal, titanium, the sky is the limit.

• For its part, South Africa has a mature
aluminium industry, which is among the
country’s top exporters, and one of the
world’s richest titanium resources on
which to build a new industry.

The LMDN sees South Africa becoming a
world leader in light metals.

The LMDN conducts scientific research
activities along the entire value chain, from
resource development to primary metal
production, fabrication, casting, joining
technologies and manufactured products.

The aim is to create a globally competitive
integrated light metals industry, to develop
superior cost-effective technologies and
manufacturing systems, and to reduce
energy use, greenhouse emissions and
environmental impact.
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NUCLEAR MATERIALS
DEVELOPMENT NETWORK
• The global upsurge in energy demand has

led to a renewed focus on nuclear energy
and related nuclear materials like
zirconium and hafnium.

• Zirconium is used as cladding in nuclear
reactors and zirconium carbide has
applications in future nuclear reactors.

• South Africa has a vast resource of zircon
and supplies 30% of the world market.

The NMDN seeks to beneficiate zirconium
and hafnium across the value chain through
the preparation and purification of
intermediate metal salts, metal
manufacturing and optimum zirconium-
alloys.
The NMDN targets alternative, novel,
economic and environmentally friendly
manufacturing processes for the metal pair
zirconium/hafnium via existing plasma and
fluorochemical expertise.

PRECIOUS METALS DEVELOPMENT
NETWORK

Precious metals are characterised by their
high density and cost, which make them
less attractive for use in bulk components
and more viable in coating/deposition
technologies (chemical and physical) for
various applications in which the unique
properties of these high-value metals are
beneficial.
The PMDN assists South Africa in retaining
the precious metals value matrix through the
identification, research and promotion of
new technologies and applications to
support the long-term development of the
mining industry.

FERROUS METALS DEVELOPMENT
NETWORK
The FMDN presents a unique opportunity to
simultaneously add value to several
minerals that South Africa possess in large
quantities such as iron, chromium,
manganese, vanadium, etc. while
addressing key material challenges
experienced by strategic sectors of the
economy such as the transportation, energy
and petrochemical industries. The FMDN
R&D programmes are done within a
tripartite collaborative framework involving
industry, academia and science councils.
The broad objectives of the FMDN can thus
be summarised as follows:

• Beneficiation of South Africa’s ferrous
resources to stages 3 and 4 undefined.

• Improvement of the country’s capability to
produce high-end ferrous products,
especially those that are needed by other
critical sectors of the economy, such as
petrochemical, energy generation,
transportation, etc.

• Generation of local know-how (innovation).

• Human Capital Development which will
alleviate the shortage in scientific and
technological qualifications and skills in
these sectors and thereby ensuring the
sustainablity and the competitiveness of
the local industry. This will also improve
SA’s attractiveness as an investment
destination.

• Promotion of local and international
collaboration in the field of ferrous
metallurgy.
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CONTACT DETAILS
Llanley Simpson

Tel: +27 12 843 6436
Fax: +27 86 681 0242
Cell: +27 83 408 6910

Email: llanley.simpson@dst.gov.za

The key focus is on:

•  creating new industries;

•  supporting existing industries;

•  localisation of technology.
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The Advanced Metals Initiative (AMI)
programme was established in 2003 by the
Department of Science and Technology (DST)

and the Science Councils, namely, the CSIR, Mintek
and NECSA. The objective of establishing this
initiative was to research, develop and innovate
across the advanced metals value chain. In this
context, the advanced metals are defined as all
metals that provide opportunities for creating new
products and utilising advanced properties through
the application of new technologies. From the
DST’s strategic consideration, the AMI’s outputs
must enable the following: the creation of new
industries, improving the competitiveness of old
and existing industries and the promotion of
technology localisation.

In order to realise these ambitious goals, four
networks were created at the CSIR, NECSA and
Mintek. The CSIR is responsible for the Light
Metals Development Network (LMDN), which
coordinates research on aluminium and its alloys,
as well as hosting the Titanium Centre of
Competence (TiCoC). NECSA was tasked with the
coordination of the Nuclear Materials Development
Network (NMDN) with the aim of developing novel,
environmentally-friendly, cost-effective processes
for the manufacturing and beneficiation of
zirconium, hafnium and monazite. Mintek
coordinates both the Precious Metals Development
Network (PMDN), which focuses on the precious
metals gold and the platinum group metals (PGMs),
and the Ferrous and Base Metals Development
Network (FMDN). 

At the FMDN’s maiden conference in 2012, the
R&D efforts in the network narrowly focused on
three strategic sectors of the economy – the
transportation, energy and petrochemical
industries. However, as part of its evolution and
growth since then, the R&D focus has now been
extended to include pervasive material challenges
in other key industrial sectors such as automotive,
medical, construction, aerospace, logistics and
mining. It is our wish, therefore, that the
conference will provide a forum for brainstorming

and proposing other relevant R&D areas that can
be included in an effort to further strengthen the
FMDN for the future. The FMDN continues to
support postgraduate students at various higher
education institutions (HEIs) as part of its mandate
towards human capital development (HCD).

The Ferrous 2016 Conference Organising
Committee takes this opportunity to welcome all
delegates to the conference and extends its
appreciation for your attendance. We are looking
forward to your technical contributions and value-
adding debates that will unfold during this
conference with the ultimate goal of ensuring that
the eventual outcomes out of this network, and
other AMI networks, benefit the broader South
African community. The Committee also thanks
Raymond van der Berg and his dedicated team at
the SAIMM for their excellent organisation of the
conference. Finally, we thank the Department of
Science and Technology (DST) and the officials
responsible for the AMI Programme, Llanley
Simpson and Wilna du Plessis, for their expert
guidance of the programme and for funding the
Ferrous 2016 Conference. 

Thank you.

M.J. Papo
Conference Convener

Journal Comment



�v

Mintek is a Science Council that is established
in terms of the Mineral Technology Act, No.
30 of 1989. Its core function is to undertake

research, development and technology transfer in
connection with better utilisation of the mineral
resources of the Republic of South Africa; the
improvement of technical processes and methods
for mineral production; the promotion and
expansion of existing industries; and the
establishment of new industries in the field of
minerals and mineral products. These functions, as
encapsulated in the Act, are very similar to the goal
of the Department of Science and Technology’s
(DST’s) Advanced Metals Initiative (AMI), which is
to facilitate research, development and innovation
across the metals value chain. 

As part of the implementation of the National
System of Innovation (NSI), Mintek’s institutional
review covered three broad categories, namely, the
quality of output and outcomes from a scientific
and technical perspective, the contribution of the
output of Mintek to the realisation of national goals
and the quality of the management of the
institution. 

The outcomes of the review showed that
Mintek’s core competencies are supported by
world-class and unique laboratory-, pilot-scale and
demonstration-scale facilities. Mintek was
commended as a centre of excellence with
significant multidisciplinary skills, particularly in
the areas of pyrometallurgy, advanced materials,
mining economics and strategy and
hydrometallurgy. The review also indicated that
internationally, Mintek has a reputation as a world-
class research organisation in minerals processing
and value addition. The review further found that
Mintek’s initiatives in support of the national
priorities are aimed at addressing the triple
challenges of inequality, poverty and
unemployment facing South Africa. The review
panel endorsed Mintek’s relationships with higher
education institutions as sound and commended
Mintek on its strides on the transformation front,
especially on attracting persons with disabilities.

The two Advanced Metals Initiative (AMI)
networks that Mintek is currently hosting, namely
the Ferrous and Base Metals Development Network
(FMDN) and the Precious Metals Development
Network (PMDN), continue to play a vital role
towards fulfilling Mintek’s mandate as a Science
Council and an implementation agency of the South
African government’s National Priorities. 

On behalf of Mintek, I would like to thank all
the presenters who have contributed with papers
that support our goal of knowledge transfer. I am
confident that the knowledge you have shared with
our delegates will contribute towards promoting
sustainable metal production and manufacturing
and sustainable local manufacturing of value-
added products, while reducing environmental
impact. I would also like to thank all delegates and
exhibitors for their participation at the Ferrous
2016 Conference.

A. Mngomezulu
President & CEO, Mintek

Support from Mintek
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This quote has been attributed to several sources, including Evan Esar in 1968, Kirk
Kirkpatrick in 1973, Laurence J. Peter in 1977, and James R. Faulkner in 1983.
Irrespective of the source, the key question is ‘what does it have to do with the SAIMM

and more specifically, with the President’s Corner?’ It is my view that the President’s Corner is
a succinct opportunity for the SAIMM membership to obtain a bird’s-eye view of its
leadership’s vision, while the leadership is able to engage and challenge its membership and
readership on strategic and operational perspectives over a quick cup of coffee. What would
make you invite the President over and over again for the next 11 months for a discussion
over a quick cup of coffee in the President’s Corner? I think the attraction lies in building an
interface that pops out engaging and probing questions.

I have been doing some crystal-ball gazing into the future of our Institute. Are we
strategically positioned to continue being relevant, or is there a risk of us becoming extinct
because we may cease to be relevant? Before we can answer this question, I would like us to
turn to the stories and theories that have been put forward on the extinction of the dominant
group of species during the Jurassic and Cretaceous periods – the dinosaurs. 

Some palaeontologists believe that the extinction of dinosaurs was caused by changes in
climatic and geological conditions. Another storyline is that starvation was a possibility that
led to dinosaurs becoming extinct because, due to their sheer size, dinosaurs required vast
amounts of food and stripped bare all the vegetation in their habitat. An alternative theory is
that dinosaurs overfed themselves and their bodies became too big to be operated by their
small brains, leading to terminal physiological malfunctioning. Others believe that small
mammals ate dinosaur eggs as these were very delicious, causing the dinosaur population to
decline to unsustainable levels and extinction. Another theory is that about 65.5 million years
ago, there was a Cretaceous-Tertiary (K-T) extinction event when a comet struck the earth at
a speed of about 70 000 km/h, releasing 2 million times more energy than the most powerful
nuclear bomb ever detonated. The comet impact caused wildfires and tsunamis that destroyed
many forms of life. The dust from the impact clouded the atmosphere, plunging the Earth into
darkness and causing temperatures to drop drastically to levels unbearable for animal and
plant life. In the 1980s, father-and-son scientists Luis and Walter Alvarez discovered a
distinct layer of iridium – an element found in abundance only in space – that has been dated
to a time that corresponds to that when the dinosaurs died, thus corroborating the K-T
extinction event. In the 1990s, scientists located a massive 10 km diameter crater in Mexico,
which also dates to the same period, further corroborating this theory of dinosaur extinction.
These stories and theories suggest that external and internal factors can be causes of
extinction. External factors are beyond our control, so we need strategies robust enough to
cope with internal factors and prepare for unforeseen external events.

Relevance or Extinction?
President’s

Corner

‘An economist is an expert who will know
tomorrow why the things he predicted yesterday 

didn’t happen today.’
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The parallel of the K-T extinction event for our minerals industry is the 2008 Global
Financial Crisis (GFC). The GFC is considered to be one of the worst economic crises since the
Great Depression of the 1930s. It threatened to cause the collapse of large financial
institutions, which was largely prevented by the bailout of banks by national governments,
but stock markets dropped worldwide. The GFC forced our minerals industry into contraction 
and we are still reeling from its effects, as mineral commodity prices struggle to recover.
Professional associations such as the SAIMM, whose financial health is greatly influenced by
the performance of our minerals industry, have not been spared either. No one can predict
Black Swan events such as the GFC, but good strategies ensure that we can ride out the tide.
Unlike the dinosaurs that overfed, we have over time developed the capability to carefully
manage our growth by stowing away for lean times. By continuing to enhance closer
collaboration with sister institutes or associations, most of them much smaller than us, we
can preserve our pedigree eggs for future growth of the Institute. 

At more than 120 years old, having been founded in 1894 and with a current
membership close to 5000, the SAIMM is like a dinosaur of professional organizations in our
local minerals industry, but a smart one with a very efficient machinery to deliver on its
mandate to our membership. We are well-known for being one of the oldest professional
associations in the local minerals industry, hosting the highest number of excellent
conferences annually, publishing an internationally accredited technical journal every month,
and having functional branches locally and in neighbouring countries. Our Office Bearers and
committee Chairpersons meet once a year to review our strategy. Can we grow in the coming
years to possibly reach a 10 000 membership base, but without outgrowing our capacity to
deliver on our mandate? Will we be able to de-risk our income through significant
diversification? Will we still be well positioned to ride out any rough tide? Instead of stripping
bare our habitat, how can we grow the cake so that there is enough for everyone? I can now
share with you a helicopter view of your leadership’s vision arising out of our strategy
session this year.

Back to the quote. My ethics as a minerals engineering professional preclude me from
practising prediction like the ‘expert economist’ as indicated in the quote, as I cannot claim
competence in that space, but I am convinced that our current long-term strategy centred on
regional development, enhancing collaboration with sister institutes, diversifying our income
stream, and the Young Professionals Council (YPC) will ensure that the SAIMM remains
relevant into the future and we can continue to be the great institute that we are – not a
dinosaur facing down the barrel of extinction. But, is this sufficient? Only history will be our
judge as I cannot risk acting the ‘expert economist’. By way of this message I therefore invite
you for the next quick cup of coffee in the next issue of the journal.

C. Musingwini
President, SAIMM

Relevance or Extinction? (continued)
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BACKGROUND
The Precious Metals Development Network (PMDN) of the DST’s
Advanced Metals initiative (AMI) programme will host the AMI’s
annual conference in 2017.
This conference presents a forum where scientists and
technologists can come together to learn and discuss the latest
advances in precious metals (platinum group metals and gold)
science and technology, under the broad themes of:

    �   Catalysis

    �   Materials 

    �   Chemistry

OBJECTIVES

 �   To bring together researchers, industry and government
stakeholders to share and debate the latest trends, research
and innovtion in the precious metals field.

 �   To provide a forum for researchers and industry to present
progress made over the past few years on precious metal
R&D and applications.

 �   To promote the activities of the AMI’s PMDN.

 �   To network and share information.
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 �   Government departments
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 �   Higher Educational Institutes

 �   Anyone involved or interested in precious metals’ R&D

advanced metals initiative
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Niobium and tantalum are chemical ‘twins’ of
the vanadium triad of the periodic table and
are notoriously difficult to separate from one
another and from their naturally occurring
ores, due to their near-identical physical and
chemical properties (Agulyansky, 2004). This
similarity in behaviour has been ascribed
mainly to the lanthanide contraction of the
elements and also their comparable ionization
energies (Hubert-Pfalzgraf, Postel and Reiss,
1987). Although the separation methods
currently applied on an industrial scale, such
as solvent extraction and chlorination, have
been successful, these techniques remain very
laborious, expensive and evolve significant
chemical waste (Bose and Gupta, 2001).
Accordingly, there is substantial scope for
improvements in the metallurgical methods of
purification of niobium and separation from
tantalum.

The key to the effective and simplified
separation of these elements could possibly be
found in the differences in the chemical
properties of two similar organic chelated

moieties of these metals. Interestingly, a
detailed literature review revealed a consid-
erable shortage of knowledge in relation to the
chelation behaviour of tantalum and niobium
with different organic bidentate or
multidentate ligands (Allen, 2002). In fact,
only a single study by Muetteries and Wright
(1965) revealed successful O,O’-bidentate
ligand (tropolone = tropH) coordination to
Ta(V) and Nb(V) metal centres using the
unmodified synthons ([NbCl5]2/[TaCl5]2) in
atmospheric conditions, which significantly
reduces the cost of upscaling for industrial
application.

In Muetteries and Wright’s investigation,
niobium(V) and tantalum(V) pentachlorides
were reacted with acidic aqueous solutions of
tropolone to form the tetrakis-tropolonato
cations [Nb(Trop)4]+ and [Ta(Trop)4]+, with
near-quantitative yields. The focus of their
investigation was to determine the effect of pH
and temperature on the hydrolytic stabilities of
the Ta(V)- and Nb(V)- tropolonato analogues.
From the preliminary 1H-NMR kinetic investi-
gation, it was found that in strongly acidic
media both [Nb(Trop)4]+ and [Ta(Trop)4]+

species are stable. With increasing temperature
or pH, the niobium chelate undergoes
hydrolysis to the neutral [NbO(Trop)3] and
separates from solution. This difference in
coordinative behaviour is an ideal starting
point for use in a potential separation strategy.

The solution-state investigation of the
formation of these compounds was quite
thorough, but not much attention was given to
the solid-state characteristics of the
compounds (Muetteries and Wright, 1965).
With this in mind, a detailed, low-temperature
crystallographic investigation of the coordi-

Exploring differences in various Nb(V)-
and Ta(V) tropolonato complexes by a
solid-state structural comparison study
by R. Koen*, A. Roodt* and H.G. Visser*

An in-depth crystallographic comparison of the crystal structures of
tetrakis(tropolonato- 2O,O’)niobium(V) chloride ([Nb(Trop)4]Cl) and
tetrakis(tropolonato- 2O,O’)tantalum(V) chloride ([Ta(Trop)4]Cl) was
undertaken in an attempt to relate differences in complex stability
previously noted in solution with solid-state characteristics such as
coordination geometry, ligand bite angles and bond lengths. Significant
differences of these parameters for the complexes of the two metal centres
could translate to an ideal starting point for improved separation of
tantalum and niobium.  It was noted that the less stable Nb(V) compound,
experiences a higher average degree of strain (71.39(2)º) within the
bidentate chelate rings vs. the Ta(V) analogue (72.04(2)º). When
considering the higher degree of strain, the Nb(V) complex more readily
offers up one of its tropolone ligands to yield the more stable
[NbO(Trop)3]. The [Ta(Trop)4]+ cation also exhibits a more distorted
square antiprismatic geometry than [Nb(Trop)4]+. This coordination
geometry is quite distorted and could be a reason that [Ta(Trop)4]+ is
inclined towards an energetically favourable dodecahedral geometry,
contributing to a more stable conformation.

tropolone, stability, geometry, tantalum, niobium.

* Department of Chemistry, University of the Free
State, Bloemfontein, South Africa.
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was first presented at the AMI Ferrous and Base
Metals Development Network Conference 2016
19–21 October 2016, Southern Sun Elangeni
Maharani, KwaZulu-Natal, South Africa.

895VOLUME 116                                       �

http://dx.doi.org/10.17159/2411-9717/2016/v116n10a1



Exploring differences in various Nb(V)- and Ta(V) tropolonato complexes

nation modes and intermolecular interactions could shed
even more light on this nuance between Ta(V) and Nb(V)
behaviour. Accordingly, the crystal structures of
[Ta(Trop)4]Cl and [Nb(Trop)4]Cl, as obtained following the
above strategy, will be discussed in this study. 

All chemicals used for the preparation of the compounds were
of a high analytical grade and were acquired from Sigma-
Aldrich (South Africa). 

The 1H- and 13C NMR solution-state spectra were
acquired on a Bruker AVANCE II 600 MHz (1H: 600.28 MHz;
13C: 150.96 MHz) nuclear magnetic resonance spectrometer
using an appropriate deuterated solvent (acetonitrile-d3

[CD3CN = 1.94(5) ppm]), with all chemical shifts ( ) reported
in ppm. The 1H NMR spectra were referenced within the
sample using residual protons from the deuterated
acetonitrile-d3. The 13C NMR spectra were similarly referenced
internally to the solvent resonance [CD3CN = 1.39(4) ppm
and 118.69(8) ppm], with all reported values noted relative
to tetramethylsilane ( = 0.0 ppm). 

The X-ray crystallographic data was obtained from a
Bruker X8 ApexII 4K -CCD area detector diffractometer,
specially equipped with a graphite monochromator and a
MoK fine-focus sealed tube (T = 100(2) K, = 0.71069 Å),
which operates at 2.0 kW (40 mA, 50 kV). Preliminary unit
cell predictions, as well as data collections, were done by the
SMART (Bruker, 1998a) refinement program. The raw
frameset data was integrated using a narrow-frame
integration algorithm and reduced using Bruker SAINT-Plus
and XPREP (Bruker, 1999). This reduced data was corrected
for the various absorption effects using the SADABS multi-
scan technique (Bruker, 1998b) and the structure solved by
using direct methods on the SIR97 package (Altomare et al.,
1999). Final refinement was completed using the WinGX
(Farrugia, 1999) software, incorporating the SHELXL
(Sheldrick, 1997) package (anisotropic full-matrix least-
squares refinement was done on F2). Aromatic protons were
placed in geometrically idealized positions (C–H = 0.93 – 0.98
Å) and crystallographically constrained to ride on the host
atoms with Uiso(H) = 1.2Ueq(C). All non-hydrogen atoms
were refined with anisotropic displacement parameters.
Graphics were obtained with DIAMOND (Brandenburg, 2006)
(50% probability ellipsoids for non-hydrogen atoms). 

A solution of [NbCl5]2 (0.270 g, 1.001 mmol) in a mixture of
dichloromethane (200 cm3) and ether (30 cm3) was added to
a tropolone (0.489 g, 4.004 mmol) and dichloromethane 
(200 cm3) mixture to produce a light orange solution from
which a solid precipitated. The excess solvent was removed
under reduced pressure. Acetonitrile (400 cm3) was added to
the residual powder and heated until dissolution was
complete. Bright orange crystals separated on cooling. This
compound was recrystallized from acetonitrile and vacuum-
dried (120 ºC, 3 hours) (0.409 g, yield 76%). IR (ATR, cm-1):

= 723, 876, 965, 1078, 1221, 1265, 1331, 1426, 1530,
1584. 1H NMR (300.13 MHz, acetonitrile-d3, ppm): = 7.11
(d, 2H), 7.18 (t, 2H), 7.55 (t, 1H)). 13C NMR (300.13 MHz,
acetonitrile-d3, ppm): = 87.8, 91.6, 101.3, 133.8. 

A solution of [TaCl5]2 (0.3582 g, 1.000 mmol) in concen-
trated hydrochloric acid (40 cm3) and methanol (40 cm3) was
added to a mixture of tropolone (0.489 g, 4.004 mmol) in
concentrated hydrochloric acid (20 cm3) and methanol (320
cm3) forming a yellow precipitate. This mixed slurry was
refluxed (15 minutes) until a translucent yellow solution was
observed with yellow crystalline [Ta(Trop)4]Cl forming on
cooling. The compound was recrystallized from a hot
methanol-water solution and vacuum-dried (120ºC, 3 hours)
(0.394 g, yield 63 %). IR (ATR, cm-1): = 721, 830, 1225,
1353, 1431, 1534, 1591, 1633, 3349. 1H NMR (300.13 MHz,
acetonitrile-d3, ppm): = 7.18 (d, 2H), 7.32 (t, 2H), 7.87 (t,
1H)). 13C NMR (300.13 MHz, acetonitrile-d3, ppm): = 89.2,
94.3, 103.6, 127.2. 

A systematic comparison of the solid-state [Nb(Trop)4]Cl and
[Ta(Trop)4]Cl structures is the main focal point of this
investigation, with specific emphasis on bond angles and
distances as well as the basic coordination geometry. This
could give a clue as to why the coordination of tropolone is
influenced so significantly by pH and temperature in solution
(Muetteries and Wright, 1965) Figure 1 illustrates the crystal
structures and coordination polyhedra of [Nb(Trop)4]Cl (1)
and [Ta(Trop)4]Cl (2) and Table I compares selected crystal-
lographic parameters of the compounds.

�
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The Nb(V) (1) compound crystallizes in the triclinic space
group, P1

–
, with one independent molecule in the asymmetric

unit. For this molecule, a Nb(V) metal centre is coordinated to
four independent tropolonato ligands arranged in a distorted
D2-square antiprismatic geometry. This type of arrangement
is extremely rare and has hardly ever been observed for 8-
coordinated Nb(V) complexes (Booyens and Oglvie, 2008.

The Ta(V) (2) compound crystallizes in the monoclinic
space group, C2/c, with one full [Ta(Trop)4]+ cation (Ta1)
and half of another [Ta(Trop)4]+ (Ta2) moiety in the
asymmetric unit. In the case of Ta1, a metal centre is
surrounded by four independent tropolonato ligands
arranged in a distorted D2-square antiprismatic geometry. In
contrast, for Ta2, the Ta2 atom is located on a special
position and is coordinated to two tropolonato ligands with
the other half of the cation being generated through the
mirror plane. Ta2 also illustrates a distorted D2-square
antiprismatic coordination geometry. In spite of the two
different crystallization modes of the two independent Ta(V)
complexes, the average bite angles stay comparable with each
other and typically 1º greater than for the Nb(V) complex.
This type of arrangement has never been noted for a Ta(V)
structure and only on one occasion in the structure of
tetrakis(oxalato)tantalum(IV) for the Ta(IV) species (Cotton,
Diebold and Roth, 1987). 

A large residual electron density of 3.31 was located at a
distance of 3.48 Å from C14 for compound 2 (see Table I).
Although this value is very significant, it is isolated from the
coordination sphere and need not be assigned for this
investigation as it has minimal effect with relation coordi-
nation geometry around the metal centre.  

When comparing the various bond distances and angles
listed in Tables II and III, several trends are noticed. These
tendencies are now discussed and compared systematically.

As expected, the average Nb-O (2.083(1) Å) and Ta-O
(2.092(1) Å) bond distances correlate very well with each
other. Similar average metal-oxido distances have been noted
on several occasions in past studies (Allen, 2002; Davies and
Jones, 2005; Peric, Brnicevic and Juric, 2009; Calderazzo and
Englert, 1998; Roodt, Otto and Steyl, 2003; Schutte, Roodt
and Visser, 2012). This phenomenon can probably be
attributed to the near-identical covalent radii of both Ta and
Nb. Although not much in relation to separation studies can
be derived from this, it indicates that the assumption made –
that the inferior crystal quality would not significantly
influence coordinative crystal data – is acceptable. 

Interestingly, a substantial difference (max. 1.38°) in
bidentate bite angle is noted between 1 and. 2. From this it
can be concluded that the chelate ring of the Nb(V)
compound is significantly more strained. This could also give
a clue as to why a decrease in pH has a different effect on
each metal. As the pH of the solution increases, conditions
become less advantageous for tetrakis-coordination,
preferring the more stable tris-coordinated oxido species (if
an oxygen-donating substance is available). The smaller
steric demand of the four tropolone ligands in the Nb(V) case
will promote nucleophilic attack by OH- to the metal centre.
Due to the fact that the chelate ring in the Nb(V) compound is
more strained it could more readily sacrifice one of its
tropolone ligands for increased stability. 

Bite distances are fairly well correlated to ligand bite
angle and, as expected, the average distances for 2 (2.447(1)
Å) and 1 (2.431(1) Å) differ quite significantly. 

Exploring differences in various Nb(V)- and Ta(V) tropolonato complexes
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Table I

Empirical formula C28H20NbO8 C28H20O8Ta

Formula weight (g.mol–1) 537.80 625.55

Crystal system, space group Triclinic, P 1̅ Monoclinic, C2/c

a, b, c (Å) 10.027(3), 12.907(3), 14.750(4) 19.626(3), 20.360(3) 22.446(3)

α, β, γ (°) 68.776(4), 78.141(3), 81.860(4) 90, 96.050(3), 90

Volume (Å3), Z 1778.3(1), 2 2919.3(4), 4

Density (calculated, Mg/m3) 1.371 1.506

Crystal colour, crystal size (mm3) Orange, 0.53 × 0.13 × 0.09 Yellow, 0.25 × 0.18 × 0.10

Absorption coefficient μ (mm-1) 0.399 3.802

F(000), theta range 583, 2.45–27.70° 3828, 1.35–28.00°

Reflections collected,independent reflections, Rint 6119, 3518, 0.1556 4792, 6477, 0.1617

Completeness to 2θ (°, %) 28.00, 97.6 28.00, 100

Data, restraints, parameters 20299, 0, 370 10753, 0, 240

Goodness-of-fit on F2 1.106 1.152

Final R indices [I>2sigma(I)] R1 = 0.1995 R1 = 0.1131
wR2 = 0.2956 wR2 = 0.3584

R indices (all data) R1 = 0.2586 R1 = 0.1803
wR2 = 0.3470 wR2 = 0.4097

Largest diff. peak and hole (e.Å–3) 0.40, –1.04 3.31, –2.15
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Table III highlights the fact that the degree of distortion from
D2-square antiprismatic (D2-SAP) geometry towards dodeca-
hedral geometry is much more pronounced for 2. For ideal
SAP geometry the ligand planes would have to lie opposite
each other at an ideal 180° angle. When considering the
‘ligand planes’ as described in Table III, it is obvious that the
distortion from ideal 180° is much more pronounced in the
case of the 2 compound, although a significant distortion is
also noted for 1. Figure 2 further illustrates this distortion by
illustrating the outward bends of the various OA-OB-OC-OD
planes for both complexes. Again, this is independent of the
two different crystallization modes of Ta1 and Ta2.

Some correlation can be drawn between the observations
by Muetteries and Wright in solution and this distortion
noted in solid state (Muetteries and Wright, (1965). From
basic crystallography it is known that dodecahedral geometry
is an energetically favourable coordination mode, affording a
more stable compound. It might then seem that the
robustness of 2 vs. 1 in solution could also be ascribed to the
more energetically favourable coordination mode (Hutchings
et al., 2014). Accordingly, an argument can be proposed that
the 2 has dodecahedral geometry and is significantly
distorted towards the D2-SAP geometry. Although this notion
is not irrefutably conclusive, it cannot be ignored.

Some interesting observations were made from the
comparison of the [Ta(Trop)4]Cl and [Nb(Trop)4]Cl solid-
state crystal structures. The bite angles of both compounds
revealed that the [Nb(Trop)4]Cl compound experiences a
higher degree of strain within the chelate ring but less steric
repulsion, thus is more prone to nucleophilic attack. This
could have interesting implications for complex stability.
When considering the higher degree of strain (less energet-
ically favourable) within the Nb(V) chelate ring, this complex
could more readily sacrifice one of its tropolone ligands for
the sake of obtaining the more stable [NbO(Trop)3] complex
(average bite angle 71.39(2)º).

Secondly, the [Ta(Trop)4]+ cation exhibits a more
distorted square antiprismatic geometry compared with
[Nb(Trop)4]+. In fact, the coordination geometry is so
distorted that [Ta(Trop)4]+ might favour the more energet-
ically favourable dodecahedral geometry. This might further
contribute to the Ta(V) complex stability.

These observations from this crystallographic study of
Nb(V) and Ta(V) tropolonates substantiate the results noted
from the solution-state investigation (Muetteries and Wright,
1965). With this enhanced knowledge of the intricacies of
these systems, it is possible to investigate separation
methods such as separation by ionic resins (in solution:

�
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Table II

Nb1-O1 2.094(1) Ta1-O1 2.098(1) Ta2-O9 2.087(1)
Nb1-O2 2.099(1) Ta1-O2 2.068(1) Ta2-O10 2.095(1)
Nb1-O3 2.092(1) Ta1-O3 2.098(1) Ta2-O11 2.076(1)
Nb1-O4 2.087(1) Ta1-O4 2.093(1) Ta2-O12 2.073(1)
Nb1-O5 2.021(1) Ta1-O5 2.088(1)
Nb1-O6 2.096(1) Ta1-O6 2.091(1)
Nb1-O7 2.085(1) Ta1-O7 2.063(1)
Nb1-O8 2.089(1) Ta1-O8 2.134(1)
O1···O2 2.454(1) O1···O2 2.459(1) O9···O10 2.431(1)
O3···O4 2.426(1) O3···O4 2.456(1) O11···O12 2.445(1)
O5···O6 2.401(1) O5···O6 2.439(1)
O7···O8 2.442(1) O7···O8 2.452(1)

Table III

O1-Nb1-O2 71.34(1) O1-Ta1-O2 72.34(2) O9-Ta2-O10 71.09(2)

O3-Nb1-O4 70.96(2) O3-Ta1-O4 71.74(1) O11-Ta2-O12 72.22(1)

O5-Nb1-O6 71.63(1) O5-Ta1-O6 72.40(2)

O7-Nb1-O8 71.60(2) O7-Ta1-O8 71.69(1)

Out-of-plane distortion 28.46(3) Out-of-plane distortion 31.01(1) Out-of-plane distortion 26.99(2)
(O1-O2-O3-O4) (O1-O2-O3-O4) (O9-O10-O11-O12)

Out-of-plane distortion 27.47(2) Out-of-plane distortion 27.61(2)
(O5-O6-O7-O8) (O5-O6-O7-O8)

Trop1/Trop3 174.34(2) Trop1/Trop3 171.54(1) Trop5/Trop5’ 167.06(1)

Trop2/Trop4 174.71(3) Trop2/Trop4 169.05(1) Trop6/Trop6’ 173.81(1)



neutral [NbO(Trop)3] vs. cationic [Ta(Trop)4]+ at slightly
acidic pH values), sublimation (differences in solid-state
stability should cause differences of the sublimation temper-
atures of these Nb(V) and Ta(V) analogues) as well as
fractional crystallization, which could be upscaled for
industrial use.

Although comparison of reaction properties in solution
with solid-state crystal structures should be done with care,
this solid-state investigation has already shed some more
light as to why the properties of the Nb(V) and Ta(V)
compounds differ significantly.
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Ta1: Outward bend of the top-most plane of 31.01(1)° and 27.61(2)° for the bottom plane
Ta2: Outward bend of the top-most plane of 26.99(2)° and 27.51(2)° for the bottom plane
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South Africa is a resource-based economy with
an estimated in situ mineral wealth of US$2.5
trillion. This makes South Africa one of the
wealthiest mining jurisdictions in the world.
However, considerable amounts of South
Africa’s minerals are exported as raw or
partially processed ore. South Africa has
embraced a mineral beneficiation strategy to
develop the value chain for various minerals.
One such mineral is monazite (South Africa,
2011) which, until now, underwent minimal
industrial beneficiation in South Africa (Kemp
and Cilliers, 2014).

Monazite is a chemically inert, radioactive
phosphate mineral and is considered to be one
of the most important rare earth minerals in
the world (Hassan et al., 1997; Amaral and
Morais, 2010; Dill et al., 2012). Monazite is a
component of ‘black sand’ found in various
beach deposits worldwide (Dilorio et al., 2012)
in combination with varying concentrations of
ilmenite, magnetite, zircon, rutile and garnet
(Ashry et al., 1995; Sroor, 2003). Monazite
contains the light rare earth elements (LREE)
Ce, La, Pr, Nd and Y, which are in high
demand and the radioactive elements thorium
and uranium (Kim et al., 2009). Conventional

monazite processing is a complicated,
laborious and expensive process (Hurst, 2010)
that utilizes highly corrosive media like
concentrated sulphuric acid or sodium
hydroxide, at elevated temperatures for
extended periods of time (Zhu et al., 2015).
This process produces large volumes of
radioactive and acidic effluents (Xie et al.,
2014). For these reasons, China, which
produces 97% of the world’s rare earth
elements (Hurst, 2010), has prohibited the
exploitation of monazite deposits (Zhu et al.,
2015). This opens the market for new and
innovative technologies for the processing of
monazite

Zircon (ZrSiO4) is a mineral with a
chemically inert crystal structure, which
requires harsh alkaline treatment to extract the
zirconium metal (Biswas et al., 2010). To
overcome the chemical inertness of zircon
sand, the South African Nuclear Energy
Corporation SOC Ltd (Necsa) has developed a
process using a DC non-transferred plasma to
convert zircon into plasma-dissociated zircon
(PDZ – ZrO2.SiO2). PDZ is chemically more
reactive than zircon and can be processed
more efficiently (Havenga and Nel, 2012;
Rendtorff et al., 2012). The high temperatures
(10 000°C), good thermal conductivities and
high heat contents of thermal plasmas make
them ideal for the processing of materials like
zircon (Toumanov, 2003; Rendtorff et al.,
2012). It is hypothesized that a similar process
could increase the chemical reactivity of
monazite in order to improve downstream
processing efficiency. This would increase the
output of the REE, thorium and uranium while
simultaneously permitting the use of less
aggressive chemical processes (Toumanov,
2003). 

High-temperature thermal plasma
treatment of monazite followed by
aqueous digestion
by D. Kemp* and A.C. Cilliers*

Monazite is a chemically inert, radioactive phosphate mineral that
contains the light rare earth metals (Ce, La, Nd, Pr and Y), thorium and
uranium. A new process, which improves the extraction efficiency of
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conjunction with the Gibbs free energy, indicates that as monazite is
heated in the presence of carbon to a temperature above 1400°C, it
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High-temperature thermal plasma treatment of monazite

If plasma-treated monazite (PTM) can be processed using
less harsh chemicals, as hypothesized, it would create a
unique competitive advantage for future rare earth and
thorium developers. The new process reduces the environ-
mental and radioactive hazards of monazite processing by
treating monazite in a high-temperature thermal plasma
followed by low-temperature mineral acid leaching. This
paper provides a summary of the current development of this
process.

Thermodynamic data from HSC version 6.1, developed by
Outotec, was used to evaluate the Gibbs free energy, the
equilibrium composition of the dissociation of monazite and
to present alternative chemical processes that could require
further investigation, or need to be avoided. Monazite is
represented as the rare earth (RE) phosphate (REPO4, with
RE = Ce, La, Pr, Nd and Y). 

We treated monazite in a DC direct arc plasma batch
reactor with the monazite housed in a graphite crucible. The
reactor produces a high-temperature electric arc which is used
to treat the monazite and produce PTM. The PTM product was
heated in a high-temperature oven at 650°C for 24 hours to
drive off excess graphite formed during the plasma
processing.

Crushed monazite (Mzc) was produced by hand-crushing
10 g of monazite for 10 minutes. Heat-treated monazite
(HTM) was produced by heating 20 g of monazite in an
alumina crucible at 1000°C for 3 hours, then rapidly cooling
the product with water. Inductive monazite (IMz) was
produced by heating 20 g of monazite in a graphite vessel to
1800°C in an induction oven. The product was cooled
naturally and removed. 

Monazite and PTM were leached with various commer-
cially available mineral acids (32% HCl, 65% HNO3 and 10%
H2SO4) at 80°C for 1 hour; concentrated H2SO4 at 230°C for 4
hours, or by alkaline leaching (60% NaOH) at 140°C for 3
hours followed by mineral acid digestion (HCl or HNO3) at
80°C for 1 hour. The concentrations of the individual REE in
the leachate samples were determined by ICP analysis at an
external laboratory. These values were used to calculate the
extraction efficiency of the process.

In order to evaluate whether monazite (rare earth
phosphates) would dissociate in a plasma, its physical
properties were compared to values from the literature and
theoretical simulations for a known mineral, zircon (ZrSiO4).
Monazite has a physically weaker crystal lattice than zircon
due to its lower chemical bond strength (Cottrell, 1958) and
melting point (Table I) (Pirkle and Podmeyer, 1988; Hikichi
and Nomura, 1987). From a physical strength perspective,
the monazite crystal is weaker and could be destroyed more
easily using less energy than required for zircon. As the
plasma can destroy the zircon crystal lattice, (Kock et al.,
2011; Havenga and Nel, 2012) it is probable that the
monazite crystal could be destroyed in a similar manner. 

The temperature at which monazite dissociates without
the use of a reagent is unknown at present. Monazite in the
presence of excess carbon dissociates into the rare earth
oxide, phosphor and carbon monoxide at a temperature
between 1200 and 1400°C (Equation [1]) (Peng-fei et al.,
2010). According to the literature, zircon dissociates into PDZ
at 1673 ± 10°C. The dissociation temperature can be lowered
by 250°C when excess carbon is added in the presence of
oxygen (Kaiser et al., 2008; Telle, n.d.; Yugeswaran et al.,
2015). 

[1]

It is anticipated that the presence of carbon in the plasma
could have a similar effect on monazite, which would lower
its dissociation temperature by a few hundred degrees
Celsius. To determine the potential dissociation temperature
of monazite, the Gibbs free energy was used to estimate the
temperature at which the individual rare earth (RE = Ce, La,
Nd, Pr and Y) phosphates dissociate into the rare earth oxides
and a phosphor-oxygen complex. 

The dissociation temperature of zircon without excess
carbon was accurately plotted using the Gibbs free energy at
1600–1700°C.  Similarly, the Gibbs free energy of the
dissociation of monazite in the presence of excess carbon was
plotted for a dissociation temperature between 1100 and
1300°C. The Gibbs free energy of the dissociation of the rare
earth phosphates (Equation [2]) indicates that CePO4

dissociates at 1700°C, as predicted. However the remaining
rare earth phosphates dissociate between 2500 and 3000°C
(Figure 1), which is beyond the anticipated temperature
range compared to zircon and CePO4. This dissociation will be
investigated further.

[2]

�
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Table I

Melting point (°C) 2100–2300 2057

Chemical bond strength (kJ/mol) Si—O: 798 P—O: 596
Zr—O: 760 RE – O: (av.) 753



The formation of the rare earth oxides from monazite
would improve the leachability of the plasma-treated
monazite (PTM). This is because the highly inert monazite
crystal would have been destroyed enabling the rare earth
oxides to be leached using a diluted mineral acid, unlike the
rare earth phosphates (Peelman et al., 2014).

The starting material for all plasma cycles was monazite sand
obtained from an external source. The sand consisted of
69.55% monazite, 17.67% zircon and 4.85% ilmenite with
the remaining 7.93% consisting of other materials.
Examination of the monazite sand by optical microscopy
revealed a number of oval-shaped brown, red, white and
black particles (Figure 2). These oval-shaped particles are
reminiscent of this monazite sample and may differ from
other monazite samples. 

X-ray diffraction (XRD) analysis of monazite sand
(Figure 3) and PTM was used to determine whether plasma
treatment induces any structural or compositional changes in
monazite. The XRD pattern of this monazite (Figure 3)
shows peaks at 2 = 26.5°, 28°, 35° and 47°, along with a
number of smaller peaks. The peak at 2 = 26.5° was
positively identified as that of the rare earth phosphates,

which are components of monazite. No further analysis for
this study was completed. 

We produced PTM by placing monazite sand in a graphite
crucible and treating it in a DC direct arc plasma. We removed
the PTM graphite layer after plasma treatment by heating the
PTM in a conventional oven at 650°C for 24 hours, producing
plasma-treated monazite heated (PTMH). We found that
when monazite is treated incorrectly it behaves and looks like
monazite when viewed under an optical microscope and
analysed using XRD. If monazite is heated in the plasma for
too long it melts and forms larger, more inert monazite
particles. When monazite is treated correctly in the plasma
then the changes to the physical structure of the particles are
visible under an optical microscope, as all of the oval-shaped
particles are destroyed (Figure 4). For this reason, it can be
concluded that the proper treatment of monazite can be
verified partially through the use of an optical microscope.
Elemental X-ray fluorescence analysis on all PTM samples
indicated no statistical difference in the elemental
composition compared with the original monazite.

XRD analysis of PTMH confirmed the destruction of the
monazite crystal structure. The absence of the monazite
peaks (Figure 5) indicates that a completely amorphous
powder has been produced. This indicates that the inert

High-temperature thermal plasma treatment of monazite
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phosphate crystal matrix, which is responsible for the inert
nature of monazite (El-Nadi et al., 2005), has been
destroyed. The disadvantage of the formation of the
amorphous substance is that the presence of the more
reactive rare earth oxides cannot be confirmed. Other
minerals, like zircon, have also been destroyed.

In order to confirm the hypothesis that the plasma treatment
of monazite delivers a more reactive product, PTM and PTMH
were digested using a variety of different lixiviants multiple
times. The results indicate the quantity of the specific element
extracted, as a percentage of the original amount of that
element in the starting material. The standard deviation is
shown as error bars. In order to obtain a proper comparison
of the reactivity, additional samples were tested, like
monazite (Mz), crushed monazite (Mzc), heat-treated
monazite (HTM) and inductive monazite (IMz). 

Digestion of PTM extracted on average 20 times more of
the REE, 7 times more thorium and up to 11 times more
uranium compared with untreated samples. Comparison of
the extraction efficiency from Mz, Mzc, HTM, IMz, PTM and
PTMH with 32% HCl (Figure 6) shows that simply heating
the monazite (HTM and IMz) in a graphite crucible, even to a
temperature above 1800°C, does not result in a more reactive
product. The phosphor content remained reasonably constant
throughout and cannot be used as an accurate indicator of
the efficiency of the extraction process. 

The results demonstrate the importance of using an
appropriate temperature and treatment time period in order to
increase the chemical reactivity of monazite. The plasma
treatment of monazite is the predominant reason for
improved REE and thorium extraction, as the plasma
treatment destroys the monazite crystal matrix and produces
amorphous PTM (Kemp and Cilliers, 2016a). Comparing the
REE extraction efficiencies between heat-treated (PTMH) and
non-heat-treated PTM reveals a small but significant increase
in the extraction efficiency. The multiple experiments
conducted for this study were not optimized and the potential
advantage gained by removing graphite from PTM requires
further investigation. 

In order to develop the process, the digestion of monazite
and PTMH with various reagents was compared. Each
experiment was repeated several times until a satisfactory
standard deviation was achieved. These reagent included
65% HNO3 (HNO3) and 10% H2SO4 (H2SO4d) at 80°C for 1
hour, 98% H2SO4 at 230°C for 4 hours (H2SO4c) and 60%
NaOH at 140°C for 3 hours followed by either 32% HCl
(NaOH/HCl) or 65% HNO3 (NaOH/HNO3) at 80°C. The
average extraction efficiencies of the various digestion
processes over multiple experiments for monazite (Figure 7)
and PTMH (Figure 8) show clearly that PTMH is more reactive
than monazite. The optimum REE extraction using aqueous
digestion from PTMH was obtained using 32% HCl, which
resulted in an average extraction efficiency of 38.44%.
Alkaline digestion followed by HNO3 yielded the highest

�
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possible extraction efficiency of 38.56% for the REE.
Digestion using concentrated H2SO4 did not result in any vast
improvement on the process, but did indicate that thorium
was not extracted. Phosphor, which is still present in the
PTMH, is a contaminant that reduces the percentage of
material extracted from the process (Kemp and Cilliers,
2016b). 

The simpler diluted mineral acid digestion delivered
higher extraction efficiency values for the REE, thorium and
uranium from PTMH – within 30% of those obtained using
the conventional process –  and has the distinct advantage of
being simpler, easier to work with and potentially more
economical. The conventional monazite digestion processes is
more efficient at extracting the REE from PTMH than the
diluted mineral acids, with varying degrees of success for
thorium and uranium. The extraction values obtained for Nd
and Y by the conventional H2SO4 process were consistently
high. No explanation can be given at this time and this
phenomenon will be investigated further.

Thorium is found in monazite worldwide and can be used
as fuel in a nuclear reactor (Greneche et al., 2007). 32% HCl
extracted 16.89 % of the available thorium from monazite,
PTM and PTMH. The digestion of PTMH with 60% NaOH
followed by HNO3 obtained the highest extraction efficiency
for thorium along with the REE. This is surprising, as the
thorium should have been at a minimum due to it precipi-
tating out as Th(OH)4. This phenomenon will be investigated
further. 

To produce PTM the monazite sample must be rapidly
heated to allow it to properly dissociate and cooled rapidly to
prevent the monazite particles from fusing together to form

larger, more inert particles. This can be accomplished with
the use of an in-flight RF induction plasma or a DC non-
transferred arc plasma, whereby the monazite would be
subjected to the required rapid heating rate. After the rapid
heating of the monazite particles, the design of the in-flight
plasma would allow the particles to cool fast enough to
prevent the formation of excessively large particles or
recombination as a rare earth phosphate (Boulos, 1985).

The objective of this study was to treat monazite in a plasma
in order to extract the rare earths, thorium and uranium more
efficiently. Theoretically. when monazite, as a rare earth
phosphate, is treated in a thermal plasma at 1600°C, it
decomposes into chemically more reactive rare earth oxides.
XRD analysis of plasma-treated monazite (PTM) indicated
that the monazite crystal matrix was destroyed to produce an
amorphous substance. It was determined that in order for the
monazite to become more reactive the temperature and
duration of the plasma treatment are crucial, otherwise, there
would only be a minimal increase in chemical reactivity. PTM
can be leached using a dilute mineral acid at a lower
temperature and in less time, than in the conventional
monazite processes, while obtaining similar extraction
values. The overall conclusion of the study is that the plasma
treatment of monazite increases its chemical reactivity. This
knowledge can now be used to develop a more efficient and
economical process than the comparable conventional
chemical digestion methods currently employed to process
monazite.

High-temperature thermal plasma treatment of monazite
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Hot strip mills (HSMs) are used to roll cast
steel slabs from their initial size to plate or
sheet, which is then used to manufacture a
wide variety of goods for various industrial
markets. The working rolls that contact and
deform the strip are arguably the primary
element of the HSM. The surface quality of the
rolls must be maintained during rolling as
imperfections are imposed onto the strip,
affecting the quality. Among these rolls are
indefinite chill (IC) work rolls. The general IC
roll chemistry and microstructure compares
well with traditional white cast iron, except for
the sulphur and phosphorus impurity
elements, which are kept to lower levels and
the presence of some graphite in the
microstructure similar to the other cast irons
such as gray and ductile cast iron.  

Various roll producers have experienced
the occurrence of a surface defect on IC work
rolls for many years, but the root cause of the
defect has not been thoroughly investigated.

The defect has been commonly referred to as
‘tiger skin’ (TS) or elephant skin (van Tonder,
2012). In this research, the characteristics of
the TS surface defect were studied in an
attempt to identify and remedy the cause.

Following discussions with both HSMs and the
South African Roll Company (SARCO) in
February and March 2012, the opinion was
that while the TS defects appeared to be
limited to IC work rolls, these were sourced
from various reputable global roll producers.
The TS defects appear as minor variations in
the surface appearance of the roll, which can
be difficult to identify, as shown in Figure 1.
The TS defect is transferred to the strip during
rolling and is classed as an aesthetically
undesirable defect by the steel mill. While in
service, TS is readily detected on the product
by strip surface quality monitoring systems.
The TS problem occurs intermittently and does
not appear to correspond to specific periods or
seasons. TS has been found in both single-
stand reversing Steckel mills and multiple-
stand continuous mills and at both carbon
steel and stainless steel mills (van Tonder,
2012).

SARCO also indicated that the TS appeared
within a specific layer of the shell (the outer
portion of the composite roll) thickness, which
is typically at the roll surface after approxi-
mately 70% of the roll’s performance life. The
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TS appears only within the roll area that is in contact with the
strip during rolling. The surface can be ground to remove the
TS, but the defect commonly reappears when the roll resumes
service. If TS is detected on a roll, a sufficient amount of shell
material will be removed (based on recommendations from
the roll supplier), reducing the roll diameter. The roll will then
be returned to service and monitored closely to detect
whether the defect reappears. If the defect has not been
eliminated, the procedure is repeated until the defect is no
longer present. The lost roll material results in loss of
production and operational expenses for the mill (Columbus
Stainless Steel, 2009). It has been postulated that TS may be
related to a variation in graphite distribution over the roll
surface. The general assumption was that TS must be roll-
related, given the characteristics of occurrence, with the mill
type and conditions also contributing to the prevalence
(Columbus Stainless Steel, 2009; vander Voort, 1999). 

Consultation with roll producers who have experienced TS
indicated that, although the source is not clear, the belief was
that the TS phenomenon was inherent to the roll casting
process. It has also been postulated that TS could be related
to the direction of rotation during casting, which is either in,
or opposite to, the rolling direction in service. However, this
should not be the case in a Steckel mill where the feed
direction alternates.

Samples from various industrial IC rolls were analysed,
including defective newly-manufactured rolls, rolls removed
from service that did not show the TS defect, rolls showing
the TS defect in service and rolls that had completed their
service life without showing the TS defect. Shavings were
removed from the roll displaying TS at diameters of 0, 7 and
15 mm (depth below the surface) of the roll, from the drive
side and the free side.

The working surface was characterized by visual
examination, replication with a 0.1 m resolution of the
surfaces, optical microscopy of replicas and the cleaned
surfaces. Scanning electron microscopy (SEM) and etching
trials were performed to identify any variation of
microstructural features on the working surface related to the
TS appearance. 

A variety of etchants were used for the etching trials,
including 4% nital, 10% nital, 4% picral, alkaline sodium

picrate (ASP), Beaujard’s solution and a four-step duplex
etchant (ASTM, 2003). The optical microscope stage height
was recorded to determine the average height difference
between the protruding carbides and the primary phase of the
light and dark TS areas.

Chemical analysis of metal shavings was done to identify
any chemical segregation or differences over the shell depth.
The amounts of carbon and sulphur were determined by
LECO combustion analysis. The other elements of interest
were determined by inductively coupled plasma optical
emission spectrometry (ICP-OES) analysis.

The samples were ground and polished to a 1 m surface
finish in the transverse and radial directions at different
depths for microscopy. The polished sections were used to
evaluate the graphite volume fraction, distribution and
morphology, to identify any variations in graphite occurrence
which could be related to TS. The samples were etched with
3% nital by swabbing the surface, to reveal the general
microstructure. The etchant does not attack any carbides
(which then remain white), enabling good contrast between
the carbides (primary and secondary carbides) and the darker
phases. This ensures accurate determination of the carbide
volume fraction by means of image analysis. The samples
were then etched with a range of selective carbide etchants to
identify the carbide type, or any variation in the carbide type
that might be present (specifically related to the TS defect).
The etchants considered included an ASP etchant,
Murakami’s reagent, Groesbeck’s reagent, 1% CrO3 and 10%
ammonium persulphate (APS) solution. The samples were
etched with Beraha’s sulfamic acid solution and a sodium
metabisulphite (SMB) tint etch in order to identify any
retained austenite (RA) within the microstructure. Beraha’s
tint etchant selectively colours the austenite phase blue. The
SMB etchant darkens martensite and does not etch all other
phases, including austenite (vander Voort, 1999). 

Hardness testing was performed to determine if the TS
pattern was related to changes in the bulk hardness or
microhardness of individual phases within the
microstructure. The bulk hardness was measured using a
Rockwell C tester, while the microhardnesses of the carbides
and primary phase were individually measured using a
Vickers microhardness tester with a load of 200 g and a
holding time of 15 seconds.

SEM analysis of the polished samples was performed to
identify any microstructural or chemical variations associated
with the TS. The chemical analysis was performed using
energy-dispersive X-ray spectrometry (EDX) at the centre of
the primary phase grains, centre of the primary carbides,
interface between the primary phase and the carbides and the
regions isolated by the eutectic carbides.

Samples were prepared for XRD using universal sample
holders under typical metallography guidelines, followed by a
brief final electropolish using chromic-acetic acid and a
stainless steel cathode. The samples were examined prior to
XRD testing to ensure no pitting of the surface had occurred
(vander Voort and Manilova, 2005; ASTM, 2003; Klimek,
1975). XRD was then done to analyse the phases present
within the samples. The relative phase amounts (mass %)
were estimated using the Rietveld method (Lowe-Ma and
Donlon, 2001). The carbide morphologies and quantity data
(as determined by microscopy) were used to ensure accurate
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RA peak identification to avoid erroneous overestimation. A
slow scanning rate of 0.5° 2 /min was utilized as low
amounts of RA were expected for all the samples.

Visual examination showed that the TS defect could be
clearly identified as a pattern of alternating lighter and darker
shaded areas on the working surface. The difference in
surface appearance could not be properly photographed, as
none of the macro etchants highlighted the TS defect. Optical
microscopy of the cleaned surfaces also showed no
significant variation of microstructural features (carbide
exposure, carbide distribution etc.) on the working surface
related to the TS appearance, as shown in Figure 2. The
average height difference between the protruding carbides
and the depressed primary phase was not consistently higher
or lower when comparing the light and dark TS areas, as
shown in Table I.

SEM analysis showed widespread cracking of the roll
surface which appeared to propagate through the carbide
networks, as indicated in Figure 3. The carbides appeared to
have been crushed during rolling, as indicated by smaller
cracks that were limited to the carbides (Figure 4). However,
the cracking did not appear to be related to TS, as the
cracking was uniform across both the light and dark areas of
all the samples. Oxide was observed on the primary phase,
which is expected for a roll taken from service.

There was little variation in chemical composition across the
shell material, except for the silicon content at both ends of
the roll, which showed significant variation. The silicon
decreases the stability of Fe3C and increases the degree of
graphitization of the roll, which could cause variations in
graphite content (Craig, Hornung and McCluhan, 1988).
However, the variation in silicon content did not appear to be
more severe in the TS region compared to the other regions of
the shell material and did not seem to be related to TS. No
other chemical variations were identified that could give rise
to the TS defect. The detailed chemical analysis may not be
reported for proprietary reasons, but the typical IC
composition is shown in Table II.

Investigation of the ‘tiger skin’ defect on indefinite chill rolls
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Table I

Minimum 3.8 3.0 3.0
Maximum 7.9 10.0 10.0
Average 5.4 6.5 5.9
Standard deviation 1.1 1.1 1.1
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The polished sections showed coarse graphite with a uniform
distribution and morphology on both the transverse and
radial sections of most samples. The only exception was on
one of the radial TS samples, where a variation between
regions of predominantly fine, well-distributed graphite
(Figure 5a) and coarse graphite particles (Figure 5b) was
seen. These variations could influence the lubrication effect
of the graphite during rolling, leading to variations in friction
coefficient and slippage resistance across the roll and thereby
cause a surface effect such as TS (Mees, 2002).
Unfortunately, as the working surface had already been
ground off on the as-received material, it could not be
confirmed if the variation in graphite distribution correlated
with the TS surface pattern.

Variation in the measured graphite content was observed
between the transverse and radial sections of all the samples.
The average graphite content showed a consistent increase
with increase in depth below the surface, as shown in 
Figure 6. The increase in graphite content was probably due
to the slower cooling rate associated with greater depths
below the surface during solidification.

The general microstructures of all the samples were
similar, consisting of free graphite and primary carbide
networks within a martensitic primary phase. The primary
carbide was found as interdendritic and eutectic structures,
with the interdendritic being the most abundant. The
arrangement of the two carbide structures did not correspond
to the TS pattern. Figure 7 shows that the surface cracks
propagated predominantly through the carbides, confirming
the crushing of carbides identified during SEM analysis. The
cracks were mostly limited to a depth of 100 μm below the
surface.

The Nital-etched samples were used to determine the
carbide area fraction. The amount of carbide was slightly
higher at a depth of 7 mm and lower at a depth of 15 mm
than at the surface (Figure 8). The carbide contents of the
light and dark areas of the TS were found to be similar.

Only two etchants from the range tested were able to
distinguish the carbides. The 10% APS etchant outlined the
carbides, while the alkaline sodium picrate (ASP) etchant
outlined and coloured the carbides, as shown in Figure 9. The
combination of the etch response confirms that the carbides
are of the M3C type (vander Voort, 1999). The samples
showed a uniform carbide type at the three depths examined

�
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Table II

Typical Min. 3.0 0.3 0.0 0.0 0.5 0.7 0.1 3.0 -
Max. 4.0 1.6 0.2 0.2 2.0 2.5 0.8 5.0 0.5



(0, 7 and 15 mm). Also, no variation in carbide type was
found between the light and dark areas of the TS.

Beraha’s sulfamic acid solution tinted traces of RA blue
in all of the samples. However, the etchant did not show
sufficient contrast between the RA and the martensite to
enable accurate quantification. The RA appeared to be
concentrated around the carbide networks, especially the
eutectic carbides (Figure 10). There was no noticeable
variation in the amount of RA between the light and dark TS
areas, but quantification could not be performed to confirm
the observation. In general, RA is identified only when it is in
excess of approximately 10–15%, suggesting that the
samples may all contain more than 10% RA (vander Voort
2009). However, it must be noted that the 10–15% RA
observation was made on wrought tool steels, which have
significantly more homogeneous structures than white cast
iron (WCI). The more segregated and inhomogeneous cast
structure of the IC rolls could lead to high local amounts of
RA, despite bulk RA amounts significantly lower than 10%.

The sodium metabisulphite tint etch also confirmed the
presence of RA associated with the carbide networks 
(Figure 11). The etchant appeared to show larger percentages
of RA than Beraha’s sulfamic acid etchant. The difference in
etch response suggests that SMB may be more sensitive to
RA than Beraha’s sulfamic acid etchant and could reveal RA
at smaller amounts. There appeared to be no difference in the
amount of RA between the light and dark areas of the TS,
similar to the response with the Beraha’s sulfamic acid
etchant. However, there was insufficient contrast between the

RA and the martensite and carbides to confirm this
observation by quantitative phase analysis.

The bulk hardness was fairly uniform and showed no notable
hardness differences through the shell to a depth of 15 mm
below the surface, as listed in Table III. No distinct difference
in bulk hardness was found between the light and dark areas
of the TS defects. The average bulk hardness was within
acceptable levels for IC material.

The microhardness results of the primary phase showed a
large variation ranging from 362 HV0.2 up to a maximum
hardness of 655 HV0.2. The large variation could be an
indication of the lack of homogeneity of the structure. The
average primary phase hardness was acceptable for IC
material (Mees, 1999). No significant variation in primary
phase hardness or trend between the light and dark TS
regions was found.

The carbide microhardness also showed a large variation,
ranging from 808 HV0.2 to 1319 HV0.2. Many carbides cracked
during the measurements, so the indentations that caused
cracking were excluded from the results. The average carbide
hardness of the samples was acceptable for IC material
(Mees, 1999). The average carbide hardness did not show
significant variation with shell depth from the surface and no
significant trend or variation in carbide hardness was found
between the light and dark TS regions. 

Investigation of the ‘tiger skin’ defect on indefinite chill rolls
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There was no marked difference in bulk hardness
between the coarse graphite region at an average of 54.2 HRC
and the fine graphite region at an average of 53.9 HRC.
Differences in the bulk hardness across the surface also did
not correspond with the areas of coarse and fine graphite.
However, the primary phase hardness showed a substantial
increase of approximately 300 HV associated with the fine
graphite regions. It is not clear whether the increase in
primary phase hardness was associated with TS. The high
primary phase hardness values were not found on any other
TS sample other than the specific radial sample.

The SEM backscattered electron (BSE) images showed no
clear distinction between the light and dark TS regions.
However, in BSE mode the primary phase regions in the
eutectic which were completely isolated by the eutectic
carbides were a slightly lighter shade of grey compared to the
darker grey remainder of the primary phase, as highlighted in
Figure 12. These were the same areas identified by optical
microscopy as being rich in austenite and this confirms the
association of the eutectic carbides with the retained
austenite. The shading variation suggests that there could be
a slight compositional variation between these regions. The
primary phase also showed needle-like phases, which are
probably martensite and austenite, as identified during
optical microscopy. The variation was found on all the
samples analysed. The results from the EDS analysis showed
no measurable variation in chemical composition of the
primary phase between the light and dark areas of the TS.
There was no measurable variation in chemical composition
of the primary phase between the surface and 7 mm below
the surface. There was also no measurable variation in
chemical composition of the carbides or the primary phase
between the light TS area, dark TS area, surface and 7 mm
below the surface. 

The chemical analyses also indicated that the lighter
primary phase areas in the eutectic carbide regions are
enriched with nickel, silicon and molybdenum compared to
the general primary phase composition. Nickel is a strong
austenite former and stabilizer, which typically increases the
amount of retained austenite after casting and reduces the
hardness (Gundlach, 1988). Enrichment in these elements
will also increase the hardenability at these locations and

delay martensite formation relative to the rest of the primary
phase (Craig et al., 1988). 

The XRD results showed distinct peaks that were clearly
distinguished from the background, which ensures accurate
analysis. All the samples contained four phases:  ’
(martensite), cementite (M3C carbide), -Fe (austenite) and
graphite. The XRD analysis for RA is strongly affected by
alloying elements and carbides. Given the high level of
alloying elements in the material it should be noted that the
accuracy will be less than typically achieved by XRD (vander
Voort and Manilova, 2005; Lowe-Ma and Donlon, 2001).

XRD confirmed that the M3C carbide type was in
agreement with the EDX results. The amount of retained
austenite was consistently above 3%, which is high and was
in agreement with the microscopy observations. Higher
amounts of RA will typically result in a decrease in roll
performance, due to a reduction in hardness (Breyer, 2002).
The typical hardness of retained austenite and martensite in
IC rolls is approximately 375 HV and 600 HV, respectively
(Schleiden, 2002). However, no significant variation in the
distribution of RA was found between the different samples
showing TS and the samples removed from deep enough
below the surface that should not show any TS. Thus, the TS
defect was not expected to be associated with high RA
contents. However, the TS defect could be caused and/or
influenced by a variation in RA content over the roll surface.
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Table III

Transverse Minimum 55.2 56.7 53.0 47.4 49.0 47.9
Maximum 58.8 59.1 57.5 57.7 59.1 56.3
Average 57.2 57.9 55.9 53.1 53.5 52.7

Standard deviation 1.2 0.8 1.5 1.4 1.7 1.4

Radial Minimum 44.3 42.2 44.8 42.9 40.8 29.0 33.9
Maximum 54.2 49.9 52.7 51.3 51.5 52.6 53.4
Average 49.3 47.1 48.1 47.9 47.1 44.6 44.2

Standard deviation 3.9 2.4 2.5 2.2 2.8 6.1 3.3

Typical IC hardness 45–60



There should be sufficient heterogeneity within the cast
structure to facilitate variations in RA content even though
segregation effects could not be identified by microscopy.

It was generally found that the martensite and graphite
content increased with depth below the surface, while the
carbide content decreased (Figures 13 and 14). There was no
significant variation in the amount of retained austenite from
the surface to 15 mm below the surface.

The tiger skin (TS) defect appeared as a pattern of alternating
lighter and darker shaded areas on visual inspection of an IC
work roll at low magnification. This defect did not seem to be
specifically related to variations in: the surface profile,
surface cracking, chemical segregation, bulk hardness, or
microhardness. There was also no correlation found between
the TS defect and phase characteristics, i.e. amount, distri-
bution, size and composition of: graphite, M3C, martensite
and retained austenite. 

SEM analysis showed widespread cracking of the roll
surface which appeared to propagate through the carbide
networks. Microscopy confirmed that the carbides had been
crushed during rolling, as indicated by smaller cracks which
were limited to the carbides. 

Further investigation of the casting parameters, solidifi-
cation process and solidification front is required in order to
recommend remedial action to prevent the TS formation. It is
also clear that a collective effort between roll manufacturers
and the mill end-user would be required in order to resolve
the occurrence of TS.
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BACKGROUND
The production of SO2 and Sulphuric acid re-
mains a pertinent topic in the Southern African
mining, minerals and metallurgical industry.
Due to significant growth in acid and SO2 pro-
duction as a fatal product, as well as increased
requirement for acid and SO2 to process Cop-
per, Cobalt and Uranium, the Sub Saharan re-
gion has seen a dramatic increase in the
number of new plants. The design capacity of
each of the new plants is in excess of 1000
tons per day.  

In light of the current state of the industry
and the global metal commodity prices the op-
timisation of sulphuric acid plants, new tech-
nologies and recapture and recycle of streams
is even more of a priority and focus. The 2017
Sulphuric Acid Conference will create an oppor-
tunity to be exposed to industry thought leaders
and peers, international suppliers, other pro-
ducers and experts.

To ensure that you stay abreast of devel-
opments in the industry, The Southern African
Institute of Mining and Metallurgy, invites you
to participate in a conference on the produc-
tion, utilization and conversion of sulphur, sul-
phuric acid and SO2 abatement in metallurgical
and other processes to be held in May 2017 in
Cape Town.

OBJECTIVES
> Expose SAIMM members to issues relating

to the generation and handling of sulphur,
sulphuric acid and SO2 abatement in the met-
allurgical and other industries.

> Provide opportunity to producers and 
consumers of sulphur and sulphuric acid and
related products to be exposed to new tech-
nologies and equipment in the field.

> Enable participants to share information and
experience with application of such tech-
nologies.

> Provide opportunity to role players in the
industry to discuss common problems
and their solutions.



Zirconium (Zr) and hafnium (Hf) coexist in
nature and have similar chemical properties
such as ionic radii (0.074 mm for Zr4+ and
0.075 mm for Hf4+) and valence electrons in
the outer orbitals. (Xu et al., 2015; Nielsen et
al., 2000). Although both elements can be
found in group 4 of the periodic table, their
properties as regards nuclear application differ,
the thermal neutron capture cross-section
being much higher for Hf than that for Zr.
(Purohit and Devi, 1997; Yang et al., 2002) Zr
also has a high corrosion resistance in acid
media, which improves the lifetime of cladding
materials in nuclear reactors. Hence, for Zr to
be used as fuel cladding material and water-
cooled components in nuclear reactors, the Hf
content must be reduced from the naturally
occurring 3% to <100 ppm. (Li et al., 2011) 

There are several processes that are
currently in use for the extraction and purifi-
cation of Zr and Hf, such as the methyl
isobutyl ketone (MIBK) process proposed by

Fischer and Chalybaeus (Overholser et al.,
1960). In this process, Zr and Hf form
complexes with thiocyanate that have different
solubilities, resulting in Hf being preferentially
extracted into the organic phase. The
disadvantages of this process are the high
concentrations of ammonium and cyanides in
the waste stream. The formation of cyanides
from thiocyanate can occur in various ways,
but in the case of the MIBK process the
thiocyanate (SCN–) is converted to OCN– by the
ammonium and to HCN by nitric acid solutions
also present in the mixtures (Jenny et al.,
2001). The low flashpoint of the solvent is
also a disadvantage. Other processes known to
the industry are the tributyl phosphate (TBP)
and Cyanex 923 processes, in which selective
extraction is attained in a nitric acid solution
as proposed by Taghizadeh et al. (2011). In
1974, Sato and Watanabe investigated the
extraction of Zr in a sulphate medium using
different types of amine extractants, showing
that secondary amines are superior to tertiary
amine extractants (Amaral et al., 2013). In
2014, Wang and Lee reported on the prefer-
ential extraction of Zr in a sulphate medium
using Aliquat 336, Alamine 336, Alamine 300
and Alamine 308 (Wang and Lee, 2015). All
of the abovementioned methods and processes
use Zr and Hf chloride salts as the starting
reagent.

The South African Nuclear Energy
Corporation (Necsa) has patented a plasma
and fluoride process for the manufacturing of

The separation of zirconium and
hafnium from (NH4)3Zr(Hf)F7 using
amine—based extractants
by E.W. Conradie*, D.J. van der Westhuizen*, J.T. Nel† and 
H.M. Krieg*

The suitability of the amine-based extractants Alamine 336, Aliquat 336
and Uniquat 2280 (10 wt%) for the selective extraction of zirconium (Zr)
and hafnium (Hf) from a (NH4)3Zr(Hf)F7 solution was investigated. The
extractant-containing organic phase consisted of cyclohexane and 5 v/v%
1-octanol as phase modifier. The (NH4)3Zr(Hf)F7 was dissolved in either
hydrochloride acid or sulphuric acid (0.01–8.0 mol/dm3). The following
variables were investigated: (i) the type and concentration of the acid, (ii)
the equilibrium time, (iii) the organic/aqueous phase ratio and (iv) the
extractant to metal ratio. Subsequently, using the optimized extraction
conditions, the stripping of extracted metals from the organic phase was
investigated using sodium chloride and sulphuric acid. The metal content
in the aqueous phase was determined using ICP-OES before and after
extractions. 

When using sulphuric acid solutions, extractions of >80% were
reached both for Zr and Hf. In all cases equilibrium was achieved in less
than 25 minutes of contact between the organic and the aqueous phase.
Stripping of metals was achieved with >40% separation and 50%
extraction using a sodium chloride (0.7 mol/dm3) stripping solution.
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zirconium metal starting from the mineral zircon (ZrSiO2)
(Nel et al., 2014). According to the patent, plasma-
dissociated zircon is reacted with ammonium bifluoride and
an (NH4)3Zr(Hf)F7 complex is formed and isolated for
downstream processing, i.e. separation of Zr and Hf. It is the
purpose of this research to determine the suitability of amine
extractants (Alamine 336, Aliquat 336 and Uniquat 2280) for
the separation of Zr and Hf from (NH4)3Zr(Hf)F7 (97 ppm Zr
and 3 ppm Hf) in hydrochloric and sulphuric acid solutions
(0.01–8 mol/dm3). Since the extraction from this salt has not
been published previously, limited comparison of the data to
literature data was possible. The parameters investigated
were the type of acid and acid concentration, the type of
extractant, extractant concentration and the effect of the two
metals (Zr and Hf) on one another. Subsequently, two
stripping agents (sodium chloride and sulphuric acid) were
evaluated to regenerate the organic phases and to serve as
possible scrubbing liquors. 

Tri-octyl/decyl amine (98% Alamine 336, Cognis
Corporation), tricaprylmethylammonium chloride (97%
Aliquat 336, Cognis Corporation) and didecyl dimethyl
ammonium chloride (Uniquat 2280, 80%, Lonza) were
diluted with cyclohexane (98%, Labchem) to 10 wt%. Lastly,
5 v/v% 1-octanol (98%, Sigma Aldrich) was added to the
solvent to prevent the formation of a third phase. All
chemicals were of analytical grade and used as received.

Fresh stock solutions of sulphuric (9% H2SO4, Labchem)
or hydrochloric acid (32% HCl, LabChem) were prepared
containing (NH4)3ZrF7 and (NH4)3HfF7 obtained from Necsa.
The pure Zr and Hf salts were prepared by simulating the
Necsa plasma process (Nel et al., 2014) using a single metal
feed of zirconium oxide (99.9% ZrO2, Sigma-Aldrich) and
hafnium oxide 99.9% HfO2, Sigma-Aldrich). The prepared
(NH4)3ZrF7 and (NH4)3HfF7 were analysed at Necsa to ensure
the correctness and purity (97%) of the compounds.
Pelindaba Analytical Laboratories (PAL) performed ICP
analysis to verify the metal concentrations. Distillation
methods were used to obtain the relevant fluoride data and
an ion-selective electrode was used to analyse the ammonium
content. Acid concentrations varied from 0.001–8 mol/dm3,
while the metal concentrations were fixed for single salt
extractions at 100 mg/dm3 Zr/Hf and for mixed salts
extractions at 97 mg/dm3 and 3 mg/dm3 for Zr and Hf respec-
tively. Aqueous phase dilutions were made with deionized
water (Millipore Milli-Q Plus® Q-pack CPMQ004R1). 

H2SO4 and sodium chloride (98%NaCl, LabChem) were
diluted with deionized water to concentrations ranging from
0.001–2 mol/dm3. 

The extraction and stripping experiments were done by
contacting equal volumes of the organic and aqueous phase
(25 mL; A/O = 1) at 25°C for 60 minutes in a rotary shaker
and incubator at 310 r/min. Although equilibrium was
reached after 25 minutes (data not shown), all samples were
shaken for 60 minute to ensure sufficient equilibrium. After
achieving equilibrium and separating the phases in standard
separation funnels, inductively coupled plasma–optical

emission spectrometry (ICP-OES, Thermo Scientific iCAP
6000 SERIES ICP + CETAC ASX- 520 Auto sampler) was
used to analyse the metal concentration in the aqueous
phase. The concentration of the metal in the organic phases
was assumed to be in accordance with the mass balance. 

The initial experiments were designed to observe the effect
and correlation of single- and mixed salt extractions. Both
single and binary systems were evaluated using HCl and
H2SO4 solutions  with as wide as possible concentration
range for the initial screening (0.1–8 mol/dm3). In
subsequent experiments more data points in narrower ranges
were selected. Three different amine-based extractants were
used. Alamine 336 is a tertiary amine with three carbon
chains extended from the nitrogen (C24H51N). Both Aliquat
336 and Uniquat 2280 are quaternary ammonium salts with
a positively charged nitrogen bonded to a methyl group and
three additional carbon chains in the case of Aliquat 336 and
two methyl groups and two carbon chains in the case of
Uniquat 2280 (Senol, 2001; Tan et al., 2007; Barnabas and
Treadway, 2010) 

In the single salt experiments, emulsions were observed
and hence no analysis was possible when extracting with
Uniquat 2280 in 4–8 mol/dm3 H2SO4 as well as when using
Alamine 336 in 0.1 mol/dm3 H2SO4. Banda et al. (2012)
observed similar emulsions and third phase formations while
using Alamine 336 in HCl. 

Figure 1 and Figure 2 display data on the single metal
extraction of Zr and Hf from HCl and H2SO4 respectively
using the experimental conditions described. No significant
extraction was obtained above 1 mol/dm3 acid, irrespective of
the type of acid or extractant used. The highest extraction

�

916 VOLUME 116     



values (>85%) were attained at 0.1 mol/dm3, with a slightly
higher extraction from a HCl environment. The only
noteworthy selectivity at high enough extraction values was
obtained using Aliquat 336 (Figure 1b), where a 27% Hf
selectivity was observed at 0.1 mol/dm3. The percentage
selectivity was calculated by subtracting the lesser extracted
metal from the greater extracted metal.

Using the same parameters that had been used for single
salts, mixed salt (97 wt% Zr and 3 wt% Hf) experiments
were performed to correlate single- and mixed salt
extractions, thereby determining whether the metals affected
each other; for example, due to mutual inhabitation during
extraction. Mixed salt extractions with the three amine-based
extractants and the two acids were evaluated. HCl and H2SO4

solutions with a concentration range of 0.01–8 mol/dm3 were
used.

Similar to the discussion in the previous section, Figure 3
and Figure 4 illustrate the data on the mixed metals
extractions of Zr and Hf from an HCl and H2SO4 solution,
respectively. When attempting extraction from HCl, no
extraction was attained when using Alamine 336 between
0.1–4 mol/dm3 HCl (Figure 3a), increasing to just over 20%
extraction at 6 mol/dm3 HCl. With Aliquat 336, 48%
extraction was obtained at 0.1 mol/dm3 HCl with a 4% Hf
selectivity (Figure 3b). Although Uniquat 2280 (Figure 3c)
showed some extraction in the range of 1–8 mol/dm3 HCl, the
extraction remained less than 20%. It is known that amine-
based extractants can form emulsions when extracting from
an HCl environment (Barnabas and Treadway, 2010); this
was also observed in the present study when using Alamine
336 combined with H2SO4 at 0.1 mol/dm3 and Uniquat 2280
at 6–8 mol/dm3. Emulsions were observed in HCl solutions of
8 mol/ dm3 for Alamine 336 and 0.1 mol/dm3 solution for
Uniquat 2280.

Due to the high extraction with Alamine 336, seven
extractions were completed with less than 1 mol/dm3 H2SO4

(0, 0.01, 0.1, 0.2, 0.4, 0.6, 0.8 mol/dm3) to obtain more
comprehensive data. When considering the extraction of the
mixed salts from a H2SO4 solution (Figure 4), significant
extraction for Alamine 336 and Aliquat 336 was observed
when extracting from a low acid concentration, while no
significant extraction was observed when using Uniquat
2280. Extraction with both Alamine 336 and Aliquat 336
increased at high (>6 mol/dm3) and low (<2 mol/dm3) H2SO4

concentrations. For both Alamine 336 and Aliquat 336 the
extractions decreased from above 80% to 20–30% between
0.1 and 2 mol/dm3, remained practically constant between 
2 and 4 mol/dm3 and then gradually increased again from 
4–8 mol/dm3 H2SO4. The highest extractions with Alamine
336 and Aliquat 336 were 91% and 78% respectively at 

The separation of zirconium and hafnium from (NH4)3Zr(Hf)F7
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0.1 mol/dm3 H2SO4. This trend has been observed in previous
studies – when increasing HCl above 6 mol/dm3 a similar
increase in extraction took place. (Banda et al., 2012; Poriel
et al., 2006) 

When comparing the single (Figure 1 and Figure 2) 
and mixed salt (Figure 3 and Figure 4) extractions, both
correlations and differences become apparent. In HCl 
(Figure 1 and Figure 3), the same negligible extraction was
observed above 1 mol/dm3 HCl. However, at 0.1 mol/dm3 the
extraction with Aliquat 336 was >80% for single salts, which
is significantly higher than the 50% attained for mixed salts.
No significant extraction was attained when using either
Alamine 336 (where emulsion formation was observed above
6 mol/dm3) or Uniquat 2280 when extracting mixed salts
compared to the >90% extraction achieved when using single
salts. The differences in extractions for the various
extractants could be related to the fact that tertiary amines
(Alamine 336) have a neutral charge, whereas quaternary
amines have a positive charge. The zirconium salt used for
extraction ((NH4)3Zr(Hf)F7) probably has a negative charge
in solution (Zr(Hf)F7

3-, or possibly Zr(Hf)F6
2-). In spite of

some protonation of the tertiary amine in the acid
environment, it can be assumed that this will still be less
charged than the quaternary amine where all extractants
remain positively charged irrespective of the acid concen-
tration. Assuming the negatively charged Zr salt (ZrF6

2-

/ZrF7
3- anion) in solution, a higher extraction can be expected

with the quaternary amine due to its positive charge. This
expectation is corroborated in Figure 4 when comparing (a)
(tertiary amines) and (b) (quaternary amine). While higher
extraction for quaternary amine (Aliquat 336) occurred only
above 2 mol/dm3 H2SO4, higher extraction was observed with
lower acid concentrations (>1 mol/dm3) for Alamine 336.
This is preferential in view of the lower amount of acid used,
which has both economic as well as environmental
advantages

While most data correlates between the single and 
mixed salts, it is clear that the two salts influence each
other’s extractions, specifically at low HCl concentrations 
(<1 mol/dm3). While the competitive behaviour is influenced
by the speciation, which due to its complexity falls beyond
the scope of this article, the changed extraction behaviour,
specifically of Hf in the mixed salt, could be related to the
change in the Hf concentration from 100 ppm to 3 ppm from
the single to the mixed salts. It was shown that Cl– at higher
concentrations in both the single and mixed salts inhibits
extraction. Hence, when the Hf concentration was decreased
from the single to the mixed salt experiments, the Cl to Hf
ratio increased, implying that at 3 ppm Hf the Cl-, even at low
HCl concentrations, was sufficiently in excess to inhibit the
extraction of Hf.  It remains, however, unclear why this
would also result in such a significant decrease in the Zr
extraction.

In H2SO4 (Figure 2 and Figure 4) mostly similar
tendencies for single and mixed salts were observed
irrespective of the acid concentration (0.1–8 mol/dm3), which
again confirms the role of the Cl- ion during extraction from
an HCl environment. Some differences were observed; for
example, the Alamine 336 formed no emulsions during the

extractions with mixed salts while emulsions did occur when
using single salts. A reason for this is not apparent. In
addition, Aliquat 336 yielded 20% higher extraction from 
1 mol/dm3 H2SO4, which increased gradually with the
increase in acid concentration with mixed salts. Uniquat
2280, on the other hand, formed emulsions at 4 and 
6 mol/dm3 (Figure 4c). Comparing the data with Figure 2b,
where emulsions were formed only in the presence of Zr, it
seems that the Zr is responsible for these emulsions (Nielsen
et al., 2000).

According to the previous section, the best results for mixed
salts were attained when extracting from a low H2SO4

concentration using Alamine 336 as extractant (Figure 4).
Accordingly,  the influence of the extractant to metal (E/M)
ratio was determined by changing the Alamine 336 concen-
tration between 0.01–10 wt% at 0.01, 0.1 and 0.5 mol/dm3

H2SO4. 
Figure 5 illustrates the extraction behaviour of Zr and Hf

with increasing Alamine 336 concentration at three different
H2SO4 concentrations. Apart from yielding the best results in
the previous section, low concentrations of acids are also
more cost-effective and leave a smaller chemical footprint. It
is interesting to note that the extraction curve with 0.01 and
0.5 mol/dm3 H2SO4 has a near S-shape, while extraction at
0.1 mol/dm3 first increases logarithmically (R2 = 0.9082)
before levelling off. This might be related to the change in
extraction between 0 and 1 mol/dm3 H2SO4 (shown in the
insert in Figure 4a) where the 0.01 mol/dm3 data point was
to the left of the inclining slope while the 0.5 mol/dm3 data
point was to the right of the descending slope with 0.1
mol/dm3 on the peak of the graph. This, however, only
confirms that there is a change in the speciation in the
vicinity of 0.1 mol/dm3 H2SO4, but not what this change
might be. Irrespective of the variation in the shape of

�

918 VOLUME 116     



thecurves, however, extraction increased in all cases with
increasing Alamine 336 concentration from 2 to 9 wt%. 

An extraction of 92% was attained at 9 wt% Alamine 
336 when extracting from 0.01 mol/dm3 H2SO4 and 87% 
at 10 wt% Alamine 336 when extracting from 0.1 mol/dm3

H2SO4.  Extraction from 0.5 mol/dm3 H2SO4, while also
increasing with increasing extractant concentration, had the
smallest gradient, resulting in the lowest extraction reaching
a maximum of 60% Zr and 41% Hf at 9 wt% Alamine 336. In
spite of the lower extraction, the experiment at 0.5 mol/dm3

was the only one that displayed any selectivity between the
two metals, in this case favouring the extraction of Zr with a
19% selectivity at 9 wt% Alamine 336.

In the work described in the previous sections the extractions
were optimized. In order to be able to reuse the extractants
for subsequent extraction in a solvent extraction process, the

stripping of the metal complexes (Zr and Hf) from the loaded
Alamine 336 has to be investigated. While stripping has been
demonstrated in the literature with various stripping liquors
(Gefvert, 1994), in this study the best results were attained
when using NaCl and H2SO4 (Banda et al., 2012).

Figure 6 indicates the stripping of a loaded organic phase
attained by a 60-minute extraction from a 0.5 mol/dm3 H2SO4

solution using 9 wt% Alamine 336. The stripping liquor
concentrations were varied from 0–2 mol/dm3 for H2SO4 and
NaCl. According to Figure 6, both stripping liquors achieved
stripping of the Zr and Hf, with decreasing stripping with
increasing strippant concentration. However, when using
H2SO4 as stripping liquor, a 48% Hf selectivity was achieved
at 2 mol/dm3. NaCl yielded favourable stripping results at 2
mol/dm3 NaCl with a 46% Hf stripping and 0% Zr stripping.
Although 2 mol/dm3 NaCl was not able to strip all the Hf, it
did result in a selective removal of Zr leaving pure Hf in the
organic phase, which can be stripped in a second stripping
step, for example using H2SO4.

Using the extraction and stripping data obtained in this study
a possible scheme with various stages of extraction and
stripping can be proposed (Figure 7), which ultimately could
lead to a process for the manufacturing of nuclear-grade Zr, 
if designed correctly. In the extraction step, the aqueous feed
(0.5 mol/dm3 H2SO4) and the aqueous scrubbing liquor 
(2.0 mol/dm3 NaCl) are contacted with the organic solution
(Alamine 336, 9 wt%) and the loaded organic solution.
During this extraction an excess of Zr is extracted into the
organic phase. During the scrubbing of the loaded organic
phase most of the remaining extracted Hf is scrubbed to the
aqueous phase. Thereafter the Zr is stripped from the organic
phase using 0.05 mol/dm3 H2SO4. Subsequently, the solvent
is regenerated, water being used to remove any residual Zr or
Hf from the organic phase. Finally, the depleted solvent is
recirculated to the solvent make-up where any lost extractant
is replenished, completing the process.

The separation of zirconium and hafnium from (NH4)3Zr(Hf)F7

VOLUME 116                                       919 �



The separation of zirconium and hafnium from (NH4)3Zr(Hf)F7

A solvent extraction study was done to determine the
extraction and separation of Zr and Hf as (NH4)3Zr(Hf)F7

from a HCl and H2SO4 environment (0.01–8 mol/dm3) using
three amine-based extractants (Alamine 336, Aliquat 336
and Uniquat 2280). While similar extractions were attained
for single and mixed salts, both the Zr and Hf extractions
were significantly lower when using mixed salts at low HCl
concentrations. Of the three amines tested, Alamine 336
exhibited the best extraction and selectivity for the separation
of Zr from Hf at both low (86%) and high (39%) H2SO4

concentrations. Varying the E/M ratio of Alamine 336 at
three low H2SO4 concentrations (0.01, 0.1 and 0.5 mol/dm3)
led to a 19% selective extraction of Zr over Hf with 9 wt%
Alamine 336 in 0.5 mol/dm3 H2SO4. Complete stripping of 
Zr and Hf from loaded Alamine 336 was achieved using 
2 mol/dm3 NaCl. A proposed extraction, scrubbing and
stripping scheme was presented showing the possibility for
the development of a process for the separation of Zr and Hf
from (NH4)3Zr(Hf)F7 in a H2SO4 environment using amine-
based extractants such as Alamine 336. With the current data
it is possible to purify Zr from 97% to 98.49%. By combining
further extraction, scrubbing and stripping steps, it should be
possible to reduce the Hf concentration to below 100 ppm as
required by the nuclear industry. 

This work was initiated by the Department of Science and
Technology (DST), South Africa under its Advanced Metals
Initiative (AMI). The Nuclear Energy Corporation of South
Africa (NECSA) (SOC) Ltd, due to existing expertise and
infrastructure, was entrusted to investigate the manufac-
turing of the metals Zr and Hf, thereby establishing the
Nuclear Materials Development Network (NMDN) Hub of the
AMI. The authors express thanks to the DST for the funding
of this project. We also would like to thank Dr S.J. Lötter from
NECSA for manufacturing the (NH4)3Zr(Hf)F7 salt used in
this study. 
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Mild steel is a relatively inexpensive material
that is often effectively used for the storage
and distribution of technical-grade
hydrofluoric acid (70% HF). Uniform corrosion
of HF storage tanks is inevitable and typically
reaches 0.5 mm/a (Valkenburg, 2012). The
thickness of the steel is regularly monitored
ultrasonically and documented during

inspections so that the service life can be
safely anticipated. However, despite the
regular inspections and current contingencies
in the HF plant at Necsa, an isolated case of
HF leakage from two mild steel vessels during
operation occurred without warning
(Valkenburg, 2012). The failure of both these
vessels necessitated their premature
decommissioning and uncovered a real need to
understand the corrosion characteristics of
mild steel used in the HF industry and
recommend corrosion design improvements. 

The reason for the failure of the mild steel
was traced to an excess of nitric acid (HNO3)
in the feedstock to the plant, which eventually
concentrated in the technical-grade HF product
downstream. The combined corrosion effect of
HF and HNO3 in the storage tanks led to their
premature failure.  

A study to simulate the corrosion
conditions in the laboratory was required to
better estimate the service life of the steels
used in the HF plant. Understanding the effect
of HNO3 contamination on the plant’s steels
and the determination of corrosion inhibition
strategies was essential. Laboratory immersion
experiments were required to establish the
corrosion characteristics of the mild steel used
in a HF plant, which could be exposed to 
>50 ppm HNO3 impurities. Neither published,
nor quantitative, corrosion data on the
corrosiveness of HF in the presence of an
oxidizing agent were available at the time of
the failure of the two technical-grade HF

Corrosion characteristics of mild steel
storage tanks in fluorine-containing
acid
by R. van der Merwe*†, L.A. Cornish* and 
J.W. van der Merwe*

The hydrofluoric acid (HF) industry in South Africa uses normalized mild
steel (SA 516 Gr 70) for the storage and distribution of its technical-grade
product (70% HF). The technical-grade acid is split from the anhydrous
hydrogen fluoride (AHF) product during distillation just after HF is
produced, in a stainless-steel-lined kiln, from the reaction of calcium
fluoride (CaF2) with sulphuric acid (H2SO4). Uniform corrosion of the
storage tanks is mitigated during commissioning by contacting the steel
with 70% HF. A corrosive reaction takes place (2H+ + 2F- + Fe H2 +
FeF2) to form scale inside the tank which diminishes the attack of the steel
by fresh HF, thus prolonging the service life expectancy of the vessels.
This iron fluoride scale in the vessel grows continually, resulting in
corrosion of the vessels continuing at a predictable rate (approx. 
0.5 mm/a) since the first commissioning of the tanks at Necsa in 1993. 

In early 2012, an increase in the average corrosion rate of the tanks to
3 mm/a measured at and below the liquid band in the storage vessels was
noted. Three months later the corrosion rate had increased to 30 mm/a,
just before the first leak from the tank was detected. The tanks were
decommissioned shortly afterwards and an investigation revealed that the
rapid corrosion was due to the presence of increased levels (>50 ppm) of
nitric acid (HNO3) in the tanks, which attacked the fluoride layer
protecting the steel. 

The oxidation characteristics of high concentrations of HNO3 with low
concentrations of HF on stainless steel surface treatment are well
documented. The effects of low levels of nitric acid on the corrosion of
steels in sulphuric acid are also known, but no suitable published data
currently exists on corrosion by high HF concentrations with low HNO3
concentrations. Establishing the rate and mechanism of corrosion by HNO3
(0.1 to 1%) in 70% HF is currently a high priority for the HF industry in
South Africa and will become increasingly important in the near future
due to depleting fluorite reserves and cheaper, but less efficient, processes
producing H2SO4 with higher impurity levels, which were not anticipated
in the original plant design.  The aim of this study is to simulate the
corrosion conditions in the plant on a laboratory scale in order to establish
the corrosion characteristics of the steels used in the HF plant, which are
increasingly exposed to the HNO3 impurities that tend to concentrate in
the final technical-grade HF acid product.
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storage tanks at Necsa (Valkenburg, 2012). In the absence of
data, to understand the effects of the different concentrations
and combinations of HF and HNO3, the only option was to
reproduce the unique corrosive environment in a laboratory.
The initial step was to develop a safe method for conducting
immersion corrosion tests using chemically pure HF. The
results from these experiments would then be used as a
reference to compare the findings from future corrosion tests
where HNO3 contamination was introduced. Moreover, these
laboratory tests would serve to establish whether the
approach used was suitable for predicting the corrosion rates
of the steel tanks and components in the plant in its present
condition.

To determine the necessary duration of typical HF
corrosion tests, planned interval corrosion tests (PICTs), 
as prescribed by Wachter and Treseder in ASTM Standard 
G31-72 (2004), needed to be conducted safely. This work
has been reported elsewhere (van der Merwe, Cornish and
van der Merwe, 2016). Since safety implications when
working with fuming HF (>60% HF) were a concern, initially
the PICTs were used to establish the lowest HF concentration
at which laboratory-scale tests could be conducted, while
producing corrosion data that could be related to the
corrosive conditions experienced in industry. Next, corrosion
tests using the most suitable conditions could continue in
which the effect of HNO3 concentration would be the focus.
However, the effect of HF concentration on mild steel
corrosion was also accessible from the PICT results, which
showed that varying corrosion forms and mechanisms occur
at different HF concentrations. These results differed
somewhat from published data (Craig and Anderson, 1994;
Hansen and Puyear, 1996; Honeywell, 2002) and were
therefore examined further in this study. 

The material was a mild steel (SA 516 Gr 70), used as
construction material for 70% HF storage tanks. The steel
was initially hot-rolled to a thickness of 3 mm, then cut with
a waterjet to produce coupons sized 25 × 25 × 3 mm. A 7 mm
hole was cut in the middle of each coupon, which effectively
produced a surface area of 15.39 cm2. Therefore, a total of
four coupons would be allowed to hang from the corrosion 

rack during a 500 mL experiment, effectively exceeding the
minimum ASTM target requirement of 30 mL/cm2 per
immersion experiment (Baboian, 2005). Coupons were
sandblasted and washed with acetone to remove mill scale
prior to each experiment. All coupons were pre-passivated in
HF for 24 hours at 25°C prior to each PICT. Pre-passivation
was done to produce the protective scale layer essential for
the use of mild steel in the HF industry (Jennings, 2007).

The HF used for the PICTs was aqueous hydrogen
fluoride (70% industrial grade) collected from the Pelchem
SOC Ltd fluorochemical plant, situated on the site at Necsa.
The 70% HF was a high-quality product (fluorosilicic acid
100 ppm, sulphuric acid 200 ppm and nitric acid <5 ppm)

received in sealed 25 L bottles, which were intended for
export by Protea Chemicals (Inland). The lower concentration
HF solutions (40% and 48%) were analytical grade ([NO3

-]
<5 ppm) solutions purchased from Merck (Pty) Ltd. Corrosion
solutions were analysed at Pelindaba Analytical Laboratories
(PAL) using volumetric titrations and inductively coupled
plasma optical emission spectrometry (ICP-OES) to determine
HF and metal concentrations in corrosion solution products.  

Each experiment was conducted in a 500 mL Teflon bottle
which was placed in a water bath to maintain the acid at a
constant temperature while corrosion of the coupons took
place (Figure 1a). The coupons were assembled into a
cylindrical rack (made of Teflon) which was placed upright in
the bottle (Figure 1b). The HF was then poured into the bottle
until the cylindrical rack holding the coupons (Figure 1c) had
been completely covered.  The bottle lid, with the 2 mm
diameter drilled hole, was then screwed on. This allowed for
the release of HF fumes in order to avoid pressure build-up in
the Teflon container. The temperature was maintained at
25°C using an immersion cooler attached to the
polypropylene lid, custom-made to cover the bath and which
allowed the immersion cooler to hang freely in the water
while being shielded from HF fumes by a polypropylene
cylinder attached to the lid (Figure 1a). The lid over the water
bath had a release valve in the open position, which
channelled any HF fumes from the corrosion reaction to the
extraction line of the fume cupboard, which led out to the
KOH scrubber.   

�
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PICTs were allowed to run for periods of time experi-
mentally determined by the planned interval tests of Wachter
and Treseder in ASTM Standard G 31-72 (ASTM, 2009).
Four coupons per bottle were introduced to a maximum of
500 mL HF. Subsequently, one coupon was removed from the
corrosion rack at a specified time; this continued over the
entire duration of a corrosion experiment, until all coupons
had been removed. This was done to establish the metal
samples’ susceptibility to corrosion, the liquid’s corrosiveness
and the rate of the corrosion reaction under the simulated
conditions. Following this standard method, the fourth
coupon (B) was placed into the HF corrosion solution at the
same time that the second coupon (At) was removed and
allowed to corrode with the third coupon (At + 1) for the
remaining four days. In this way, comparing the corrosion
rate measured for coupons 3 and 4, a change in the liquid
corrosiveness could be compared to the criteria set out in the
ASTM practice. In the same way, the susceptibility of the mild
steel to the HF corrosion solution was determined by
comparing the corrosion rate determined for coupon B to that
of coupon A2 (Tables I–III). The mass loss for coupon A2 was
determined by subtracting the mass losses of coupons At and
At-1 and the corrosion rate determined using the average
density of the coupons in that batch (e.g. coupon 1–4 in
Table I). 

Each time a coupon was removed from the bottle, it was
rinsed with water and air-dried before storage in a desiccator.
After testing, the corrosion products were removed from the
coupons by ultrasonic cleaning for 30 minutes, followed by
mechanical cleaning with a steel brush to ensure complete
removal of the scale from the coupon prior to weighing. To
calculate the corrosion rate (CR) in mm/a from metal loss the
following equation was used:

CR = 87.6 x (W/ At) [1]

where W = weight loss (in mg), = density (in g/cm3), A =
area (in cm2) of the coupons exposed to HF over time (in
hours) based on ASTM Standard G31-72 (2004). The
convention is to measure corrosion rate in mils penetration
per year (MPY) (Jones, 1996). However, the constant (in this
case K = 87.6) is dimensionless and changes with the
conversion to the desired unit (in this case mm/a) (Davis and
ASM International, 2000).  

In the PICTs, identical coupons were placed in the same
HF solution in the 500 mL Teflon bottle. The temperature
was kept constant at 25ºC for the entire time (t + 1). The
symbols A1, At, At+1 and B were used to represent the
corrosion damage experienced in each test (ASTM, 2009).
Subsequently, A2 was calculated by subtracting At from At +1.

The data collected from the tests at different HF concen-
trations is shown in Tables I–IV and Figures 2–3.

When HF contacts mild steel, a corrosive reaction takes
place:

2H+ + 2F– + Fe → H2 + FeF2 [2] 

whereby scale forms on the surface of the steel and inhibits
further attack of the steel (Hansen and Puyear, 1996). Since
this pre-passivation technique is applied in industry by
allowing the storage tanks to be corroded by HF and HF
fumes for 24 hours before commissioning (Jennings, 2007),
the coupons in the PICT experiments were pre-passivated to
represent the starting condition of the steel used in
calculating the mass loss in each case. Equation [1] was used
to calculate apparent density and the nominal density of 7.85
g/cm3 for mild steel was used throughout the study. 

Corrosion characteristics of mild steel storage tanks in fluorine-containing acid
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Table I

1) A1 0–1 5.03 152.2
2) At 0–4 5.63 42.6
3) At + 1 0–8 6.04 22.8
4) B 4–8 0.524 4.0
Calc. A2 4–8 0.407 3.1

3.1 mm/a < 4.0 mm/a < 152.2 mm/a Liquid corrosiveness: Decreased

Therefore: A2 < B < A1 Susceptibility to corrosion: Decreased

Table II

1) A1 0–1 6.06 183.1
2) At 0–4 5.54 41.8
3) At + 1 0–8 6.12 23.1
4) B 4–8 1.01 7.6
Calc. A2 4–8 0.58 4.4

4.4 mm/a < 7.6 mm/a < 183.1 mm/a Liquid corrosiveness: Decreased

Therefore: A2 < B < A1 Susceptibility to corrosion: Decreased



Corrosion characteristics of mild steel storage tanks in fluorine-containing acid

Honeywell Fluorine Products (Honeywell International
Inc., 2014) is an HF supplier that documented the properties
of HF to make technical and safety-related literature openly
available in order to ensure safe usage of their products.
From this literature, corrosion rates for carbon steel against
HF concentration were provided and reported in MILS per
year (1 MIL = 0.0254 mm). The values for average corrosion
of mild steel were converted so that apparent corrosion rates
from PICT tests measured after 192 hours could be compared
(Figure 4). 

From the corrosion tests conducted with both 40% and 48%
HF, the criteria set in ASTM Standard practice G 31-72
indicated that the corrosion rate for the calculated A2 value

�
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Table IV

Visual appearance of Pitting corrosion visible.  Severe attack of entire sample No visible corrosion. 
coupons after cleaning Excessive corrosion after 8 days. surface over entire period of test. Clean surface.

(Figure 7, coupon 3) (Figure 8, coupons 1–3) (Figure 9, coupons 1–4)

Colour of corrosion solution Dark brown Dark brown Colourless

Appearance of precipitate Light brown (FeF2) Light brown (FeF2) None

Composition of final 38.1% HF 46.7% HF 68.6% HF
corrosion solution 1.98% Fe 0.71% Fe 0.0164% Fe 

Table III

1) A1 0–1 0.07 2.1
2) At 0–4 0.20 1.5
3) At + 1 0–8 0.32 1.2
4) B 4–8 0.20 1.5
Calc. A2 4–8 0.12 0.9

0.9 mm/a < 1.5 mm/a < 2.1 mm/a Liquid corrosiveness: Decreased

Therefore: A2 < B < A1 Susceptibility to corrosion: Decreased



was smaller than the rate measured for B, and therefore the
metal’s susceptibility to corrosion decreased during the test.
Moreover, coupon B had a smaller corrosion rate than A1,
and therefore the liquid corrosiveness also decreased. This
combined situation (A2 < B < A1) indicated that the 40% and
48% HF significantly decreased in corrosiveness during the
test and the formation of a partially protective scale on the
steel was likely (Tables I and II). 

The 70% HF PICT fell under the same criteria as the 40%
and 48% HF tests. However, the corrosion rates determined
for A2, B, and A1 were significantly smaller (Table II). The A2

and B values determined for the more corrosive 48% HF
(Table II) were nearly five times larger than the 0.9 and 
1.5 mm/a corrosion rates determined for 70% HF under the
same conditions. Therefore, the corrodibility of the metal was
much lower in 70% HF than in 48% and 40% HF. Similarly,
the initial corrosion rate determined for 48% HF was in
excess of 180 mm/a and approximately 86 times faster than
the A1 value for the 70% HF test. Therefore, the liquid
corrosiveness of 70% HF was much less than was measured
for the 48% and 40% HF PICTs. Irrespective of the safety risk
aspects associated with 70% HF (van der Merwe, Cornish and
van der Merwe., 2016), corrosion experiments with 70% HF
produced slower, more steady corrosion rates and left an
adequate portion of a coupon behind (<50% mass loss) for
mass loss measurements after 8 days (Figure 2) to be best
relatable to what was experienced in industry. 

The lower the concentration of HF, the faster mild steel
corrodes (Honeywell, 2002). This was shown in Figure 3.
Notwithstanding that 48% HF was slightly more corrosive
than 40% HF, the initial corrosion rate (over the first 24
hours) was much higher than for the 70% HF (2.1 mm/a).
Thus, high corrosion rates (152–183 mm/a) were measured
for HF below 50% concentration, despite the formation of the
protective fluoride (FeF2) scale layer during the pre-
passivation step. FeF2 is soluble in water (Perry, 2011) and
since there was a higher water balance in the low-concen-
tration acids, the scale readily dissolved and the mild steel
substrate was attacked by fresh HF. However, with increased
time, the scale did stabilize and the corrosion rate decreased
to below 25 mm/a. The 70% HF was more conducive to scale
formation on the mild steel and corrosion rates did not
exceed 2 mm/a over the entire 8-day test (Figure 3). 

The effect of HF concentration on the corrosion rate of
mild steel after 192 hours (Coupon B, Tables I–III) was
related to average corrosion rates reported in the Honeywell
(2002) special chemical edition, where hydrofluoric acid
properties were summarized (Figure 4). On average, lower
HF concentrations (between 5 and 50% HF) resulted in
significantly higher corrosion rates (>20 mm/a), while higher
HF concentrations (>50% HF) corroded mild steel signifi-
cantly slower (<2 mm/a). PICTs conducted over the HF range
of 40% to 70% showed a similar trend to Honeywell (2002)
(Figure 4), although the peak appeared to shift to the right,
with 40% to 48% HF producing the highest corrosion rates.
However, corrosion experiments at HF concentrations below
40% were not conducted, therefore this peak shift could not
be substantiated. Moreover, the corrosion rates measured
differed significantly as the exact corrosive conditions (initial

condition of the coupons, temperature, pressure and volume
of HF used) were not known and therefore could not entirely
be reproduced.

The corrosion solutions and coupons were observed over 8
days. Of the corrosion products (scale layer on coupons,
corrosion solution and precipitates collected at the bottom of
the bottle), only the corrosion solution was analysed. The
coupons showed a heavily oxidized surface after pre-
passivation (Figure 6). Iron fluoride (FeF2) has a grey colour,
while the ferric hydroxide (FeF3.3H2O) has a recognizable
yellow-brown colour (Haynes, 2016). The black colour is
characteristic of oxidation (iron II/III oxide) of the steel
(Haynes, 2016), as the corrosion reaction was allowed to
take place in a well ventilated bottle. A combination of all
these coloured substances formed the scales on the coupon
surfaces and contributed to the unique colours visible when
the coupons were removed and dried after pre-passivation
(Figure 6). 

The results in Table IV and images of the cleaned
coupons after each test, differed significantly depending on
the initial concentration of the HF in the corrosion solution
(Figures 7–9). Pitting-type corrosion was present over the
entire surface of the coupons exposed to 40% HF (Figure 7).
The 48% HF resulted in a visibly more aggressive attack over
the entire surface of the coupons, reminiscent of uniform
corrosion. The lower iron concentration (approx. 0.7% Fe) in
the 48% HF corrosion products indicated that more iron was

Corrosion characteristics of mild steel storage tanks in fluorine-containing acid
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present in the solid scale layer and precipitate compared to
the 40% test (approx. 2% Fe). Therefore, in the 48% HF test,
the HF was forming more scale on the coupon surface which
broke off and fell to the bottom of the reaction bottle,
allowing HF to uniformly attack the freshly exposed steel
surface and form scale to repeat the corrosion process (Figure
8). In contrast, the corrosion mechanism in the 40% HF was
a visible pitting action (Figure 7), which penetrated through
the passivation scale and aggressively kept corroding under
the scale previously formed, resulting in the highest mass
loss over the entire period (Figure 3).   

No scales were found at the bottom of the Teflon bottles
of the 70% HF tests and the colour of the corrosion solutions
remaining almost unchanged from the initial HF introduced
(Table IV). The iron concentration analysed in the corrosion
solution was less than 0.02%, with little HF being consumed
over the entire test period (<1.5% HF). Here, the scale layer
formed during the pre-passivation (Figure 9) succeeded in
protecting the mild steel from further corrosion and produced
a surface visibly free from corrosion, once the scale had been
brushed off (Figure 9). 

Corrosion results on SA 516 Gr 70 normalized mild steel
indicated that HF concentrations below 48% were capable of
producing corrosion rates above 180 mm/a. Conversely, the
steel coupons placed in 70% HF corroded significantly slower
(<2 mm/a after 8 days) and the corrosion rates were more
closely related to those experienced in industry.
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Previous work conducted by Mintek
(Couperthwaite et al., 2013, 2015)
investigated the effect of precious metal
additions on the structure, oxidation and
corrosion properties of an Fe-40 at.% Al (Fe-
Al) alloy. Initial work determined that
additions of more than 0.5 at.% precious metal
did not improve the oxidation and corrosion
properties of the materials and in some cases
even decreased the resistance to corrosion.
Further work identified Pt and Ru as beneficial
additions to the FeAl alloy. Four alloys were
then produced by mechanical alloying and
sintering (FeAl–0.2 at.% Pd, FeAl–0.2 at.% Ru,
FeAl–0.5 at.% Ag, FeAl–0.5 at.% Pt). These
alloys were all successfully produced by
melting and casting and mechanical alloying
sintering and it was found that the non-
equilibrium processing greatly decreased the
grain size of the materials compared to the as-
cast materials. It was found that the additions
of Ru and Pt were still the most beneficial to
the oxidation and corrosion properties, with
Ru being considered the most beneficial.

This report details the results from the
initial spray testing work done with the FeAl–
0.2 at.% Ru alloy powder produced by
mechanical alloying. There are several options
for powder coating onto substrates; thermal-
spray techniques, which include high-velocity
oxy-fuel (HVOF) coating and plasma coating,
or cold-spray (also known as supersonic-
spray) techniques. Cold-spray techniques have
attracted a lot of interest lately and as a system
is available at University of the Witwatersrand,
it was decided to use cold spraying in the
current work. This work was done to
determine the effectiveness of cold-spray
coating of these mechanically alloyed powders.

The iron-aluminium system has attracted a
large amount of research due to the fact that
Fe-Al intermetallic compounds possess good
mechanical properties, along with low density
and low cost, as well as easy access to the raw
materials (Ji et al., 2006; Montealegre et al.,
2000). Arzhnikov et al. (2008) found that the
Fe-Al alloys are promising, due to their good
refractoriness, oxidation and corrosion
resistance and good ductility at room
temperature. In comparison to conventional
alloys, Fe-Al alloys perform much better at
higher temperatures, due to the stability of the

Cold-spray coating of an Fe-40 at.% Al
alloy with additions of ruthenium
by R.A. Couperthwaite*, L.A. Cornish†‡ and I.A. Mwamba*

In previous work by the authors, it was established that additions of 
0.2 at.% Ru to an Fe-40 at.% Al alloy improved the corrosion and
oxidation resistance of the alloy. The alloy was produced by mechanical
alloying and spark plasma sintering and the work showed that non-
equilibrium processing was able to significantly refine the grain size of the
material. The sintered material had a higher hardness than the as-cast
material and the change in grain size did not significantly affect the
oxidation and corrosion. In the present research, the mechanically alloyed
powder was coated onto a mild steel substrate using cold-spray coating at
a gas pressure of 10 bar and a temperature of 500°C. The coatings were
found to be 5–10 m thick, although thicknesses of up to 30 m were
observed. The coated materials were subjected to oxidation and corrosion
tests to determine the effectiveness of the coating in increasing the
oxidation and corrosion resistance of mild steel. This was done to
determine the effectiveness of cold-spray coating as a technique to coat
these mechanically alloyed powders.
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microstructure originating from the low diffusivity of Fe in Al
(Nayak et al., 2010). However, the Fe-Al alloys are difficult
to fabricate in bulk, due to their poor castability and
workability (Zhu et al., 2009); this was confirmed by Kuc et
al. (2009) who found that Fe-Al alloys have an activation
energy for deformation of 484.9 kJ/mol compared to 392
kJ/mol for austenitic steel. The region of interest in the
current study is the Fe-Al intermetallic compound at around
60 at.% Fe (Figure 1), which is a single-phase bcc region
(Eelman et al., 1998).

During mechanical alloying, fine particles are cold-welded
together to form larger particles. Once the particles become
too large, the milling process breaks them into smaller
particles. These two processes continue until the powder has
a single uniform composition.

Several studies exist on the processing of Fe-Al alloys by
mechanical alloying and mostly the conditions of the milling
were different. Nayak et al. (2010) used toluene as a process
control agent (PCA) and full solid solution of Fe in Al was
found after 20 hours’ milling at 300 r/min. It was also found
that the hardness had improved, due to the nanocrystalline
Fe4Al13 intermetallic compound formed, the absence of the
soft Al phase and the large number of defects induced during
mechanical alloying. Skoglund et al. (2004) produced an Fe-
40 at.% Al alloy by milling with a stearic acid PCA for 4
hours at 360 r/min and created an alloy containing mostly
FeAl with some Fe3Al. Song et al. (2009) worked on a nearly
equiatomic Fe-Al alloy and milled the powders for 3 to 12
hours at 304 r/min with ethanol as the PCA. After milling,
the powder was annealed at 1100°C in a vacuum. Their
results indicated that FeAl had not formed by the end of the
12 hours of milling, but that FeAl was formed in the powder
after annealing. Abhik et al. (2008) found that it was
possible to produce FeAl after 10 hours of milling with
toluene as a PCA. Shi et al. (2008) investigated the stages in

which the alloy forms during the mechanical alloying process.
They milled the powders for a total of 50 hours and found
that initially the powder formed a solid solution of Al in Fe
and as milling time increased, the phase changed to the B2
FeAl phase. After 30 hours of milling the powder consisted of
only B2 FeAl. 

Another critical parameter that was varied greatly in in
these studies was the ball to powder ratio. Ratios from as low
as 4:1 (Skoglund et al., 2003) to as high as to 15:1 (Kezrane
et al., 2012), 20:1 (Cheng et al., 2006), 30:1 (Ko, 2010) and
50:1 (Haghighi et al., 2010) were used, although most
researchers used a ball-to-powder ratio of 8:1 (Krasnowski et
al., 2002, 2006; D’Angelo et al., 2009; Abhik et al., 2008).

Research has already been done on the production of a
nanocrystalline coating of the Fe-40Al alloy using spray
coating (Grosdidier, 2001), which successfully created a
coating with a nanocrystalline grain structure with the milling
structure of the feed powders retained in the final coating.
There was a problem with the presence of some oxides and
depletion of the aluminium content as a result of the thermal
spraying. Valdrè et al. (1999) and Skoglund et al. (2003)
found that there was oxygen in the final compacts after
mechanical alloying and this was attributed to oxygen
present in the aluminium feed powder. Several research
teams have successfully created nanocrystalline FeAl
materials through mechanical alloying, with crystallite sizes
of 10 nm (Valdrè et al., 1999) and 23 nm (D’Angelo et al.,
2009, Krasnowski and Kulik, 2007a, 2007b).

During oxidation testing of Fe-Al alloys a ’wrinkling’ of the
oxide layer has been observed. All binary Fe-Al alloys
experience this effect when subjected to oxidation at temper-
atures of 900–1100°C (Yang et al., 2005). This wrinkling
effect has been attributed to high thermal stresses during
cooling of the alloy (Montealegre et al., 2000) and it was
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suggested that slow cooling retarded, or even completely
prevented, the effect. Xu et al. (2001) found that adding Y to
the Fe-Al alloys can reduce or prevent the wrinkling and
spallation of the oxide layer. Xu et al. (2000) investigated the
reasons for the weaker oxidation resistance of Fe-Al alloys in
air compared to pure oxygen and found that at 1100°C in air,
the Fe-Al alloys produced a mixed layer of Al2O3 and AlN
between the outer Al2O3 layer and the metal

Guo et al. (2011) found that an Fe-Al coating applied to a
316 stainless steel substrate formed a good bond with the
substrate and imparted good oxidation resistance to the
metal, due to the formation of a dense and adherent oxide
film. Nowak and Kupka (2012) investigated the oxidation of
an Fe-Al alloy with additions of B, Cr and Zr and found that
the stable -Al2O3 oxide layer started forming at around
900°C. Below this temperature, unstable - and -type oxides
formed. Grabke (1999) concluded that although FeAl
contains a high percentage of aluminium, it does not have as
good an oxidation resistance as would be expected, due to
the formation of transient oxide forms at temperatures below
1000°C. 

However, Paldey et al. (2003) found that an FeAl coating
on 440C stainless steel reduced the mass gain during
oxidation tests at 800°C by four times and the same coating
on a 304 stainles steel reduced the mass gain by an order of
magnitude. Airiskallio et al. (2010) and Xu et al. (2000)
found that additions of Cr (Airiskallio et al., 2010) or a
combination of Y and Zr (Xu et al., 2000) to the alloy helped
the oxidation resistance, although additions of only Zr
decreased the oxidation resistance (Xu et al., 2000).

Cold-spray coating is a technique that was first developed in
the mid-1980s. This technique utilizes temperatures signifi-
cantly below the melting point of the metal being coated –

typically below 1000°C (Concustell et al., 2015). In order to
achieve deposition of the material it is necessary to use very
high impact velocities and as a result, cold-spray systems
also use very high gas pressures (Grigoriev et al., 2015).
Recently, there has been increased interest shown in cold-
spray coatings and numerous materials have been used as
coatings. Some of these materials and the conditions for the
coating work are shown in Table I.

Several authors found that cold-spraying of the powders
maintained the powder microstructure in the sprayed coating
(Jan et al., 2015; Luo and Li, 2012). It was also found that
cold-spraying was able to produce coatings with less
oxidation that thermal spraying processes (Concustell et al.,
2015; Aghasibeig et al., 2016). As shown in Table I, the
parameters for the spray coating vary significantly, even for
the targeted Fe-Al alloys.

The milling was done on a Retsch PM100 milling machine
with a stainless steel milling pot and stainless steel balls of
two sizes (Table II). The milling was done for the entire time
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Table I

Fe-Cr-Si-B-C 40 700–900 30–50 Concustell et al., 2015
304L 23.1–27.9 550 22 Coddet, Verdy, Coddet, Debray, et al., 2015
Ag-Cu 23–30 500 20 Coddet, Verdy, Coddet and Debray 2015
Fe-40 at.% Al 30–40 800–1000 - Cinca et al., 2015
TiO2 9 600 - Buhl et al., 2015
Ni 30–50 800–1000 25 Aghasibeig et al., 2016
Ti-Al 15 300 - Jan et al., 2015
Ni-Al 15 300 - Jan et al., 2015
Fe-Al 15 300 - Jan et al., 2015
Cu 40–50 300–600 - Jakupi et al., 2015
TiO2 30–40 300–900 60 Herrmann-Geppert et al., 2016
Al 25–40 300–400 10-50 Henao et al., 2016
NiCrAl\BN 22 650 20 Luo and Li, 2015
Fe-40 at.% Al 25 550 20 Luo Li, 2012
Al 30 500 - Kim et al., 2015
Ni 38–40 650–750 40–50 Koivuluoto et al., 2015
NiCu 38–40 650–750 40–-50 Koivuluoto et al., 2015
NiCu\Al2O3 38–40 650–750 40–50 Koivuluoto et al., 2015
Ti-6Al-4V 28 520 30 Li et al., 2007
Ti 28 520 30 Li et al., 2007
Al 28 520 30 Li et al., 2007
FeAl\Al2O3 20 500 20 Wang, Li et al., 2008
FeAl 20–25 350 20 Wang, Li et al., 2008
FeAl 20–25 510 15 Yang et al., 2011

Table II

Ball to powder ratio 10:1 Process control 0.5
agent (wt.%)

Ball mass (g) 500 g (20 mm) + Speed (r/min) 300
500 g (10 mm)

Powder sample 100 Milling time (h) 24
mass (g)
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period specified, with no interval. The selected PCA was
stearic acid. Powder mixing, as well as the filling and sealing
of the milling pots was done in a glovebox under an argon
atmosphere to reduce oxygen entrapment.

After milling of the powders, an annealing treatment was
performed to ensure that the powder was of a single phase.
This annealing was done in a horizontal tube furnace under
an argon atmosphere to prevent oxidation of the powders.
Annealing conditions are shown in Table III.

Cold spraying was done on a Centreline SSTTM Series P cold-
spray system using compressed air as the carrier gas. Several
runs were conducted in order to determine the optimum
parameters for the coating. The conditions for the various
runs are shown in Table IV. Run 6 was a repeat of run 5 in
order to have a second sample prepared in the same way for
use in corrosion testing. The Fe-Al alloy was coated onto a
mild steel substrate.

After these trial runs were completed, two more samples
were coated. These samples were coated on all sides using
the conditions in run 6, in order to be used later for
conducting oxidation testing on the coatings. The gun was
moved over the surface of the substrate blocks to ensure an
even coating of the substrate.

Coated samples as well as an uncoated substrate sample were
weighed and then placed in a muffle furnace. The furnace
was heated at 10°C per minute to a temperature of 1000°C.
The temperature was then kept constant for 48 hours, after
which the heating was turned off and the samples were
allowed to cool in the furnace to room temperature. Samples
were then removed, weighed, sectioned and mounted for
analysis. The samples were wrapped with copper tape prior to
preparation.

During the characterization of the coatings, it was found that
the initial run of powder had been contaminated with nickel
and as a result the coatings were a mix of FeAl, NiAl and
Ni3Al. This contaminated material will be referred to as
Fe/Ni-Al. The samples were still characterized fully and the
oxidation testing was done on the material as well to
determine whether the addition of nickel to the mechanically
alloyed material had any effect on the properties of the
coating. Figure 2 shows the cross-section of the coating from
Run 6 of the trial coating runs (two coating passes). The
coating was quite thin, in the region of 3 m and has a slight
two-tone contrast in it showing the different phases in the
coating material. The cross-section of the sample coated
using five passes (run 7) is shown in Figure 3. After five
passes the coating has not built up in any significant way, as
the thickness was still at around 3 m. The contrast in the
coating showing the different phases was still visible.

A second run of powder was produced and care was
taken to ensure that the feed powders were not contaminated.
This correct alloy will be referred to as FeAl. This batch was
coated onto the substrate using only the conditions for runs 6
and 7. The cross-sections of the sample coated with two and
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Table IV

Temperature (°C) 400 500 500 500 500 500 500
Pressure (bar) 9.65 9.65 9.65 10 10 10 10
Standoff distance (mm) 10 10 10 10 10 10 10
Feed rate (%) 40 40 60 40 40 40 40
No. of passes 1 1 1 1 2 2 5

Table III

Value 10 550 2 200



five passes are shown in Figures 4 and 5. The coatings did
not differ significantly from the Ni-containing coatings in
terms of thickness. However, the different contrasts seen in
the Ni-containing coatings were not observed.

With both powder lots, the thickness of the coatings
obtained is a concern as it would have been preferable to
have coatings of at least 10 m in thickness. There are a
number of factors that could be changed to influence this,
one being the spray pressure during coating. Unfortunately
the system utilized for the spray coating had a maximum
pressure limit of 10 bar. Another option would be to increase
the temperature used in the spray coating to the upper limit
of around 800–1000°C. The third and final option would be
to investigate the use of another coating technique such as
high-velocity oxy-fuel (HVOF) or plasma-spray coating.

The weights of the samples before and after the oxidation
treatment as well as the percentage mass increase are shown
in Table V. All samples showed an increase in mass,
indicating that they were oxidized. The percentage weight
gain of all the samples was not significantly different and as
such the coatings applied to the samples were not effective in
preventing the oxidation of the mild steel.

The oxidized samples were cold-mounted, carbon coated
and analysed on the SEM. As expected from the mass gain of
the samples during the oxidation trial, all the samples
showed significant oxide on the surface of the substrates.
The oxides were too thick to be observed in a single SEM
image and so only a small portion of each oxide layer is
shown in the images. EDX analysis did not reveal any Al in
the oxide layer, even at the very edge of the layer. As a
result, it could not be determined whether the coating was
still intact on top of the oxide layer for the two coated
samples (Figure 6–8).

The compositions of the oxide layers were analysed by
SEM-EDX (Table VI). The composition was found to be
consistent with the oxidation of the mild steel substrate. The
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Table V

Mild steel 78.534 84.501 7.6
Fe/Ni-Al 127.919 138.228 8.1
FeAl 122.906 131.452 7.0
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oxide layers showed two contrasting regions, light and dark
and these were analysed on the uncoated sample to
determine whether a significant difference existed. It was
found that there was a slightly higher oxygen content in the
dark regions; however, the difference was not hugely
significant. No evidence of the coatings was found on the
oxidized samples, indicating that the coatings were
ineffective at protecting the substrate.

Cold-spray coating of the samples produced very thin
coatings on the samples, around 3–5 m. This is significantly 

thinner than expected and it would be preferable to have a
coating thickness of 10 m or greater. There are a number of
options available for improving the deposition efficiency of
the cold-spray process. The first and likely most effective
option, would be to increase the pressure used during the
spraying. Alternatively, it may be necessary to change the
coating technique and rather use HVOF, or plasma-spray
coating. The oxidation trial of the coated samples confirmed
that the coating was not sufficient to protect the substrate
from oxidation, as all samples oxidized significantly during
the trial. Considering the performance of the coating material
in oxidation trials as a bulk sintered material, it is possible
that the coating was too thin, not uniform enough, or slightly
porous and so allowed oxygen to penetrate to the surface of
the substrate.

Cold-spray coating was used successfully to coat the mechan-
ically alloyed powders onto a substrate. However, at the
pressures used in this study, the coatings applied to the
substrates were very thin. This resulted in a coating that was
not effective at preventing the oxidation of the mild steel
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Table VI

O 42.4±0.6 49.4±0.8 44.9±0.1 44.5±0.4 45.4±0.9

Mn 1.1±0.2 0.6±0.1 0.9±0.1 1.0±0.1 1.0±0.1

Fe 56.5±0.6 48.8±2.0 54.2±0.2 54.5±0.3 53.6±0.9

Cu 1.3±2.2



substrates when exposed to high temperatures. As such, it
will be necessary to investigate whether a higher pressure
can be used in the coating process, as well as the use of
alternative coating methods.
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Metal injection moulding (MIM) is a near-net-
shape manufacturing process established as an
alternative to produce complex small-to-
medium shaped components that were
previously fabricated by conventional methods
at higher costs (Attia and Alcock, 2011; Todd
and Sidambe, 2013). 

Although recent advances in micro-
manufacturing (mainly machining and
electrodeposition-based) have enabled the
fabrication of complex micro-size geometries
directly into miniaturized parts, these
processes are generally neither routine nor
easily accessible at present (Attia and Alcock,
2011).

Typically, the MIM process consists of four
steps: mixing, injection moulding, debinding
and sintering. Mixing involves blending of the
desired metal powder composition with
carefully selected multicomponent organic
binders at the right proportion. This mixture,
which is called feedstock, is then injected into
a mould of a required shape to form a ‘green
part’. Debinding is the removal of the binders
by chemical, thermal, or catalytic means while
maintaining the shape of the part. Finally, the
debound part is sintered to a full or near-full
density part (Sotomayor, Varez and Levenfeld,
2010). The MIM process is essentially a

combination of plastic injection moulding with
conventional powder metallurgy technologies.

According to the literature (German and
Rose, 1997; Khakbiz, Simchi and Bagheri,
2005; Seerane et al., 2013), the mechanical
properties of the final MIM-produced
components are certainly influenced in the
fabrication stages in the MIM processing, as
well as by the selection of the starting powder
and binder materials. Therefore,
understanding the powder characteristics is
critical for the success of the MIM process. 

Powder particle sizes (German and Rose,
1997; German, 2005) play a significant role in
realizing a dense sintered part at the minimum
shrinkage (Ma et al., 2014; Sotomayor et al.,
2010). Finer powder particles result in smaller
moulding defects, increase melt viscosity,
higher sintering rates and shrinkage and
better surface finish. However, some of the
disadvantages encountered with the use of
finer particles include agglomeration, which
adversely affects the homogeneity of the
feedstock, necessitating longer debinding
times and higher powder procurement cost.
Coarser powder particles, in contrast, give
higher packing efficiency, reduced sintering
shrinkage rates, shorter debinding times and
are typically cheap and easy to handle, but the
product quality is often inferior (Bose et al.,
2008; German, 1992; Hausnerova, Kitano and
Saha, 2010). 

The influence of particle size distribution
on mouldability of the feedstock is also a
crucial factor in the chain of the MIM process
(Amin, Jamaludin and Muhamad, 2009). Two
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parameters that are used to predict the mouldability of the
feedstock are the distribution slope parameter (Sw) and flow
behaviour index (n). The former parameter represents the
measure of particle size range and is defined as (German and
Bose, 1997): 

[1]

where the numerator represents the fact that d10 and d90 are
2.56 standard deviations apart on a Gaussian distribution;
however, powders usually follow a lognormal distribution
and the logarithmic size is appropriate for obtaining Gaussian
behaviour. The average particle size, d50 and Sw are important
measures of a powder. The parameter Sw is the slope of the
lognormal cumulative distribution and is similar to a
coefficient of variation or standard deviation. A narrow
particle size distribution is implied by larger values of Sw and
a wider distribution corresponds to small values of Sw.
Powders that exhibit a Sw of 2 (very broad distributions) are
easier to mould, while some more difficult powders to mould
exhibit Sw values between 4 and 5. A very narrow particle
size distribution with Sw greater than 7 is the most difficult to
mould. 

The flow behaviour index (n value) indicates the
sensitivity of the feedstock’s viscosity to shear rate variations
(Ahn et al., 2009); smaller values (typically less than 1)
indicating higher shear sensitivity and more pseudo-plasticity
of the feedstock and hence better viscosity response to shear
rate changes. For such feedstocks, mould filling is therefore
easier, especially at higher shear rates. Amin et al. (2009)
concluded that fine particles exhibit low n values and thus
greater pseudo-plastic behaviour of the feedstock. It is
important that the n value for each feedstock is calculated in
order to predict the mouldability. The following rheology
equation is used to estimate the values of n (Huang, Liang
and Qu, 2003):

[2]

where is the viscosity of the feedstock and K a constant.
The slope of the log versus log

.
graph is n – 1, from which

n can be deduced.
There has been a limited amount of work on the effects of

particle size and particle size distribution on the mouldability
and sinterability of MIM powders. Most work available
(Bricout et al., 2013; González-Gutiérrez, Stringari and Emri,
2012; Mannschatz, Muller and Moritz, 2011;
Schwartzwalder, 1949) puts considerable emphasis on the
influence of particle shape, tailored particle size distribution

and powder loading on the flowability of MIM feedstock and
hence the final mechanical properties of the sintered parts.
Mamen et al. ( 2015), however, studied the effect of particle
size on the sintering behaviour of tungsten parts produced by
MIM, but failed to report on the mechanical properties of their
sintered parts. The present work is a study of the influence of
the starting powder particle size on the mechanical properties
(tensile strength, hardness and density and shrinkage
factors) of metal-injection-moulded 17-4 PH stainless steel
parts.

The 17-4 PH stainless steel powder materials: -45 m Grade
630 (Praxair Surface Technologies), -15 m and -5 m
(Epson Atmix Corp., JP) were used for this study. Figure 1
shows the sizes and spherical morphologies of the metal
powders as observed under the JEOL JSM–6510 scanning
electron microscope (SEM). 

Table I summarizes the size distributions of the metal
particles obtained using a laser-scattering particle size
analyser (Microtrac Bluewave). The material codes PS-45,
PS-15 and PS-5 represent the particle sizes -45 m, -15 m
and -5 m respectively. 

Table II shows the chemical compositions of the metal
powders obtained from the supplier’s materials data specifi-
cation sheets.

�
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Table I

PS-45 12.3 33.0 50.3
PS-15 2.65 7.91 23.1
PS-5 1.98 4.04 7.90

Table II

FE-276-3 1.0 4.0 16.0 3.0 0.25 Bal.
17-4 PH ≤ 0.5 ≤ 0.3 3.0–5.0 15.5–17.5 3.0–5.0 0.15–0.45 Bal.



We prepared three feedstocks by mixing metallic powder
materials with a custom wax-polymer binder system
developed at CSIR. The binder system consists of paraffin
wax, low-density polyethylene, polypropylene and stearic
acid. The solids loading, which is the volume ratio of the
solid powder to the total volume of the powder and binder,
was kept constant at 60 vol.%. The feedstocks were labelled
on the basis of powder size and solids loading; the
nomenclature is presented in Table III.

The feedstocks were prepared by means of a sigma-type
blade mixer (4223 Jones Industrial mixer) using a rotation
frequency of 90 r/min for at least 1 hour at 140°C in air.
Upon cooling, all feedstocks were appropriately granulated
after mixing and were re-mixed for a further 30 minutes to
improve homogeneity. 

The feedstocks were injection-moulded using a 40 t
ARBURG Allrounder 270U 400-70 injection moulding
machine. The feedstocks were injection-moulded into MPIF
standard ‘dogbone’ shape tensile specimens of dimensions 
89 mm (overall length), 40 mm (gauge length), 14.8 mm
(grip section diameter) and 5 mm (gauge section diameter)
The product of injection moulding is called a ‘green
component’. The injection moulding process parameters
(injection temperature, speed and pressure and mould
temperature) were optimized in previous work (Seerane,
Chikwanda and Machaka, 2015).

The debinding of the injection-moulded components was
performed using two techniques: solvent extraction and
thermal debinding, in that order. Solvent debinding involves
the immersion of the green component in n-heptane at 60°C
for 24 hours to extract the solvent-soluble wax and stearic
acid binder fractions. The samples were then dried overnight
to reject residual solvent. In order to avoid breakage of the
fragile debound parts, the thermal debinding precedes the
sintering stage; both were carried out in a Carbolite tube
furnace under a controlled flowing argon atmosphere. The
solvent-debound samples were placed in an alumina crucible,
loaded into the furnace and heated from room temperature to
550°C at 1.0°C/min The samples were held at 550°C for 1
hour to completely remove the remaining binder components.
The furnace temperature was then ramped up to 1300°C at 
10 °C/min for sintering. Sintering was performed for 4 hours,
then the furnace was cooled. The argon gas flow was
maintained at 1.0 L/min. The debinding process parameters
were investigated in prevous work (Machaka and
Chikwanda, 2014; Machaka, Seerane and Chikwanda, 2014;
Seerane et al., 2015).

Sintered samples were evaluated for density and shrinkage
level and tested for mechanical properties like apparent
hardness and tensile strength. The linear shrinkage level of
the sintered samples was measured against the as-moulded
green parts using a high-precision Vernier calliper. Sintered
density measurement was performed on a precision analytical
balance (OHAUS) based on the Archimedes principle. The
apparent hardness measurements were carried out by using
Vicker’s scale through the application of 500 g load for 10

seconds, according to ASTM-E384 standard, on an
automated microhardness tester (FM-700). Tensile testing
was done on an INSTRON™ Servo Hydraulic 1342 test
instrument at the constant rate of 0.5 mm/min.
Microstructural analysis was done using a Leica DMI500 M
optical microscope.

The evaluation of the feedstock mouldability was based on
the distribution slope parameter and the flow behaviour
index. Table IV summarizes the estimated values of Sw and n.
The Sw values for feedstocks PS-45-60 and PS-5-60 indicate
that the powders (PS-45 and PS-5) used to prepare the
feedstocks are likely to be difficult to mould. The data for
feedstock PS-15-60 indicates that the powder (PS-15) used
to prepare the feedstock has a wider particle size distribution
and hence better mouldability due to the lower Sw value of
2.72. On the other hand, feedstock PS-15-60 has the lowest
n value of 0.331 and therefore a higher shear sensitivity and
better viscosity response to shear rate variations. From these
observations it can be deduced that feedstock PS-15-60 is
expected to be mouldable during injection moulding.

Figure 2 depicts the shrinkage difference between the as-
moulded green, solvent-debound and sintered components.
Surface appearance of specimens (a) – (c) gives an indication
of the binder lost from the green state to the sintered state
and this equates to the level of shrinkage that occurred.
Specimen (b) underwent solvent debinding and no significant
shrinkage difference is observed relative to the as-moulded
part.

Figure 3 shows the shrinkage levels of the specimens at
different particle sizes. It can be clearly seen that the
shrinkage behaviour is sensitive to the feedstock particle
size. The PS-45-60 specimen (larger starting particle size)
shows a relatively lower shrinkage level and this is
advantageous for controlled dimensional tolerance. As
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Table III

PS-45-60 60 vol.%, powder: -45 m
PS-15-60 60 vol.%, powder: -15 m
PS-5-60 60 vol.%, powder: -5 m

Table IV

PS-45-60 4.18 0.563
PS-15-60 2.72 0.331
PS-5-60 4.26 0.390
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expected, the PS-15-60 and PS-5-60 specimens (smaller
particle size) exhibit higher shrinkage levels. The latter result
is expected, since smaller particles have a larger specific
surface area, necessitating a larger amount of binder which
therefore increases the shrinkage level during sintering
(Hartwig et al., 1998). PS-15-60 and PS-5-60 specimens do
not show a significant difference in their shrinkage levels;
however, the PS-5-60 specimen indicates a slightly lower
average shrinkage level and this can be attributed to the
presence of an oxidation film on the surface of the particles
that delays sintering rate and hence shrinkage. 

Sintered MIM parts are expected to have some residual
porosity and usually have densities ranging from 95–99% of
the theoretical density (Todd and Sidambe, 2013). It is
known in powder metallurgy that finer starting powder
particles have better sinterability and therefore tend to
achieve relatively higher sintered densities. However, against
expectations, the data in Figure 4 seems to indicate that an
optimal sintered density is between 94% and 97% of the
theoretical density. Specimen PS-15-60 has the highest
density of 97%, which conforms to the range quoted in the
literature. According to German(1992), for example, the
lower density of the specimen PS-5-60 may be the result of
particle agglomeration that leads to poor packing density and
non-homogeneous feedstock; and hence deteriorated sinter-
ability. In addition, finer powder particles are more prone to
surface oxidation (Ye, Liu and Hong, 2008) and this may
hinder the sinterability of the localized particles. The higher
sintered density of the specimen PS-15-60 can be attributed
to a combination of the best mouldability of PS-15-60
feedstock (as shown in Table IV) and the finer starting
powder particles to drive sintering.   

To complement the sintered density observation, Figure 5
shows the microstructures of the sintered specimens. It can
be seen that the finer the starting powder particle size the
finer the observed pores are, in general. Specimen PS-45-60
shows, as expected, relatively larger pores that are not partic-
ularly uniformly distributed. Specimens PS-15-60 and PS-5-
60, on the other hand, shows abundant and uniformly

�
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distributed fine pores. However, a few large pores on
specimen PS-15-60 can be seen. It is possible that the sum of
uniformly distributed fine pores in the PS-5-60 specimen
compromises sinterability.

Figure 6 summarizes the measured mechanical properties of
the sintered parts and the respective as-sintered 17-4PH
stainless steel minimum MPIF Standard 35 specifications
(MPIF, 2007). 

The experimentally measured properties of the PS-45-60
specimen, as presented in Figure 6, are consistently inferior
to the minimum tensile property values outlined in the MPIF
Standard 35. The PS-5-60 and the PS-15-60 specimens meet
most of the minimum standards for density, yield strength,
ultimate tensile strength, hardness and elongation. However,
the PS-15-60 specimen fails to meet the minimum standard
for elongation.

The tensile properties generally improve with a
decreasing particle size. This can be attributed to the
increasing hardness as the particle size becomes finer. A
correlation between hardness and tensile strength is in
conformance with the findings in Gülsoy, Özgün and Bilketay
(2016) and this relationship is also known to be common
(Gaško and  Rosenberg, 2011; Shen and Chawla, 2001).

It is apparent therefore that the yield strength, ultimate
tensile strength and hardness generally increase as the
particle size becomes finer. The influence of particle size on
hardness is consistent with the work reported by Srivatsan et
al. (2002). The lower hardness values of the PS-45-60 and
PS-5-60 specimens can be attributed to the considerably
larger pore volumes (Figure 5).

Feedstocks of fixed metal powder loading of 60 vol.% and
different metal powder particle sizes of -45, -15 and -5 m
were successfully prepared and evaluated for metal injection
moulding. 

� All the feedstocks exhibited a pseudo-plastic flow
property, indicating their general suitability for
injection moulding. The starting powder particle size
appears to affect the feedstock mouldability; rheological
parameters of specimen PS-5-60 indicate moulding
difficulty, while PS-15-60 is expected to have superior
mouldablity during injection

� The effect of the starting powder particle size distri-
bution on the sintered density and shrinkage levels
was investigated. A larger particle size yielded
minimum shrinkage levels and inferior final sintered
densities. Particle agglomeration, poor packing
efficiency and non-homogeneous feedstock pseudo-
plastic flow properties were identified as reasons for
the inferior mouldability of the PS-5-60 feedstocks

� The PS-5-60 material has generally superior
mechanical properties and meets the standard in all
respects. 
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recognized. The authors are grateful to the DST and the CSIR
for financial support.  The authors are also indebted to Atmix
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Particle design and functionalization has
become an increasingly popular aspect of
materials synthesis and powder-metallurgical
item manufacturing. One such technique
involves the spheroidisation and densification
of feed materials, typically in the form of
chemical powders with wide particle size
distributions. The major benefits of powder
spheroidisation include improved powder
flowability, increased powder packing density
and powder purity, reductions in internal voids
and defects, as well as the ability to
manipulate the particles surface morphologies
(Boulos, 2004). Thermal plasma processing
has the potential for scale-up and for
producing industrial quantities of spheroidised
powder. 

Thermal plasma technologies offer a wide
spectrum of material synthesis and treatment
options, amongst others the synthesis and
spheroidisation of nano-sized ceramic and
metal particles (Kumar and Selvarajan, 2006).
The spheroidisation process occurs within the
plasma discharge via in-flight heating and
melting of the powder feed material, given
high enough plasma temperatures (Fridman,
2008, p. 495). Surface tension in the molten
droplets results in spherical, or nearly

spherical, powder particles being formed upon
exiting the plasma discharge where the droplet
undergoes rapid cooling and freezes. Quite
often, the bulk density of these spherical
particles is higher than that of the starting
material (Boulos, Fauchais and Pfender, 2013,
p. 42). The different plasma spheroidisation
techniques reported include radio frequency
(RF) induction thermal plasmas (Jiang and
Boulos, 2006; Károly and Szépvölgyi, 2005;
Yuming, Junjie and Yanwei, 2013), non-
transferred direct current (DC) thermal
plasmas (Chaturvedi et al., 2014; Kumar and
Selvarajan, 2008; Suresh, Selvarajan and
Vijay., 2008) and microwave-assisted plasma
processing methods (Chen, Gleiman and
Phillips, 2001; Vanamu et al., 2004; Weigle et
al., 2004).

In this work, a microwave plasma system,
similar to that reported in an earlier paper (van
Laar et al., 2015b), was used to investigate
the potential for spheroidisation of iron
powders. Argon served as the carrier gas and
the system operated at atmospheric pressure.

The experimental set-up consisted of a quartz
tube placed perpendicular through a metallic
waveguide, connected to a microwave
generator operating at 2.45 GHz. The
magnetron was powered by a 1.5 kW power
supply. The quartz tube, with internal diameter

Spheroidisation of iron powder in a
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of 2 cm and a length of 30 cm, served as the reaction zone
and support flanges at the top and bottom of the tube also
served as gas inlets. Argon flow rates were controlled using
calibrated Aalborg rotameters. This set-up was similar to that
described previously (van Laar et al., 2015a) with the
addition of a powder feeder positioned above the reactor inlet,
as well as a zirconium wool filter at the bottom of the quartz
reactor. A schematic representation of the experimental set-
up is shown in Figure 1. A T-connection and valve assembly
subsequent to the reactor set-up allowed for easy shifting
between vacuum and atmospheric operating pressures.

Characterization of the particles was performed using
equipment at the South African Nuclear Energy Corporation
(Necsa), as well as the University of Pretoria (UP). Scanning
electron microscopy (SEM) was performed on the particles
with a high-resolution (0.6 nm) JEOL 6000 system using
secondary electron (SE) signals.

At the start of each experimental run, the argon plasma was
initiated under vacuum at approximately 15 kPa (Figure 2a),
using an Alcatel 2010I dual-stage rotary vane pump. The
pressure was then gradually increased by closing the outlet
valves, until the pressure reached ambient atmospheric
conditions. At this pressure, the plasma became highly
filamentary (Cardoso et al., 2009) as shown in Figure 2b.
The iron powder was then fed through the plasma zone.
During experiments, a dark grey powder deposited on the
inner walls of the quartz tubes, as well as on the zirconium
wool filter at the bottom of the reactor. After each experi-
mental run, the grey powders were collected from the
zirconium wool and the tubes were removed and flushed
using acetone. The acetone wash was collected and
evaporated in a drying oven operating at 50°C, after which
the powders were collected.

The spheroidisation of the iron powders was investigated
at constant conditions, given in Table I. The argon flow rates
are reported in standard cubic centimetres per minute (sccm).
Four runs were completed and all results obtained were

similar. The results presented in this paper are representative
of all product powders. During these runs, the reflected power
varied between 100 W and 200 W. The reflected power is
defined as the total power reflected back towards the
magnetron, rather than coupling with the gas in the reactor.

The presence of spherical particles within the iron product
samples was evident. The initial feed powder showed no
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Table I

Power 1500 W
Ar flow 150 sccm
Pressure 1 atm.
Feed rate 10 g/h



evidence of large spherical particles at the same magnification
settings. After the runs, a definite increase in the amount of
spherical particles was found, as shown in Figure 3. The
degree of conversion to large spherical morphologies appears
to be quite low from these images, implying that a large
amount of powder passed through the system without
undergoing spheroidisation. This was undoubtedly due to the
filamentary nature of the plasma, which decreased the total
contact area and time of the particles with the high-energy
plasma filaments.

SEM images of the iron product are shown in Figure 4.
Particle sizes ranged between 20 m and 100 m and the
surfaces of the particles were either smooth (Figure 4a) or
had shallow grooves on the surface (Figure 4b), despite
identical operating conditions. The formation of an oxide
layer around the particles was also evident from the
loosening flakes on the surface, as well as the large white
mark, shown in Figure 4b. The different surface
morphologies are related to the different flow paths of
particles moving through the plasma, resulting in different
heating and solidification histories. Li and Ishigaki (2001)
hypothesize that the particles with grooved surfaces
experience relatively high cooling rates, resulting in the
nucleation of polycrystalline particles.

Smaller deposits were also present on the surface of the
spheres. These deposits consisted of agglomerated particles
ranging between 100 nm and 200 nm. Their presence was
attributed to partial evaporation of the iron feed material
within the hot plasma filaments, followed by recondensation
(Ishigaki et al., 1995).

The iron feed material was also analysed using SEM
micrographs and was shown to consist of much smaller
spherical particles with sizes 2–6 m, seen in Figure 5a.
These particles were agglomerates of nanosized particles
(Figure 5b) and were much smaller than the newly-formed
spherical particles in the product powders and hence not
visible on the optical images shown in Figure 3.

Other interesting structures seen on the particle surfaces
include stacked disc-like, rippled structures, shown in Figure
6(a), similar to the spherical particles reported by Che and
Norimasa (2006). The cause and mechanism behind these
structures are linked to crystal formation. A variety of
nanostructures assume icosahedral shapes at scales where
the surface forces exceed the bulk forces. However, some

forms  persist into micro-scales, such as certain face-centred
cubic (Fcc) metal colloid clusters (de Nijs et al., 2015). The
circular discs, magnified in Figure 6(c), are explained
through a similar mechanism, by way of body-centred cubic
(bcc) cells with (111) hexagonal projections, illustrated in
Figure 7, growing radially outward, resulting in the observed
ripples and step edges.

In addition, it is well known that crystal plane
orientations of materials can be determined and interpreted
as spherical representations using Kikuchi patterns, which
are obtained using electron backscatter diffraction (EBSD)
techniques (Zhou and Wang, 2007, p. 41). Coincidently, the
physical symmetry of the iron particle, highlighted in Figure
6b, bears a remarkable similarity to that of a ferrite spherical
Kikuchi map (SKM) shown in Figure 6d (Day, 2008) with a
cubic lattice structure viewed along the (111) orientation. 

Also present were nanosized cubic and spherical
particles, either from the unmelted feed material or
subsequently spheroidised. Another phenomenon is shown
in Figure 8, where most of the particle surface was covered

Spheroidisation of iron powder in a microwave plasma reactor
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with agglomerates consisting of nanosized particles, similar
to the feed material. It is possible that these particles did not
experience sufficient heating time for uniform melting and
solidification to occur. 

The internal structures of the particles were also
investigated by embedding the particles in an organic resin,
followed by grinding and polishing. The polished surface was
then viewed using SEM in order to compare internal
morphologies. The internal structure of the feed particles is
shown in Figure 9d. These particles appeared to contain
minor voids and were non-uniform throughout the entire
surface area and were easily damaged due to the agglom-
erated nature of the particles, as indicated in Figure 5b. 

The internal structures of the product particles appeared
to be quite diverse, with some particles presenting uniform
density throughout the particle (Figure 9a and b), while
others displayed larger defects and voids (Figure 9c). The
straight lines that appeared on some cross-sections, such as
those of Figure 9c, were likely due to the grinder pushing too
hard on the surface. An alternative explanation entails a
different formation mechanism. Regardless, micro-defects
and voids were distinguishable within the structure,
especially close to the outer perimeter. It is expected that
these internal defects were linked to the outer groove
formations in Figure 4b. Li and Ishigaki (2001) speculated
that these internal defects are a result of a variation in
localized cooling rates, where higher cooling rates impeded
the nucleation rate for uniform solidification.
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Some particles appeared to possess an outer shell with a
different structure from that of the core. Figure 10 presents
the cross-sections of particles consisting of a uniformly dense
core surrounded by a softer shell. Further investigation
revealed the shell to consist of agglomerated structures
similar to those of the feed material. The mechanism behind
the formation of this shell-and-core structure is unclear;
however, one possibility entails the hardening of the organic
resin around the particles as they settled to the bottom of the
sample during sample sedimentation in the preparation
phase.

The experimental results showed that a portion of the iron
powders underwent spheroidisation in the argon plasma
reactor. Theoretical models (Chen and Pfender, 1982) predict
the potential for spheroidisation by first considering the
heating time of the material, followed by the melting time.
The total time needed is then compared to the residence time
of the particles inside the hot plasma environment. These
models take into account both the melting point and the
thermal conduction of the material, as well as the enthalpy of

the plasma gas. Following the model set out by Chen and
Pfender (1982) and applied by Li and Ishigaki (2001) for
titanium carbide, the heating time, th, is given by

[1]

where p is the density of the solid particles, rw the radius of
the particles, Cp the heat capacity, T0 and Tm the starting and
melting temperatures respectively and S and Sw the thermal
conduction potentials of the surrounding gas at plasma
temperature and the particle surface, respectively.

The thermal conduction potentials are given by

[2]

where k is the thermal conductivity of the plasma gas.
Melting temperature, tm, is then determined by

[3]
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where Lm is the heat of fusion of the material and Sm the
thermal conductivity potential of the plasma at the melting
point, Tm, of the material. For an argon plasma at approxi-
mately 2000°C and using the properties of iron (Chase,
1998), the heating and melting times were calculated and are
reported in Table II.

The residence time of the powder was assumed to be the
time for which the particles fell through the reactor under the
influence of gravity only. It was also assumed that due to the
filamentary nature of the plasma, only half of the reactor
volume was filled with a plasma discharge. With this
assumption, the residence times were approximately 175 ms,
orders of magnitude higher than those needed according to
the model described above.

A microwave-induced argon plasma was successfully used
for the spheroidisation of iron powders. The feed material 
(2–6 m) underwent melting and droplet formation, followed
by rapid cooling and solidification. This resulted in larger
spherical particles ranging from 20 m to 100 m, often with
patterns indicative of the underlying crystallinity
mechanisms. SEM confirmed the morphological changes
brought about by the process and presented various different
particle morphologies. Theoretical models were in relative
agreement with regards to the potential for spheroidisation,
which was confirmed experimentally. 

The use of microwave-assisted plasma shows promise for
the spheroidisation of metal powders. However, further
experimental work is needed to determine the effect of
various operating parameters (such as carrier gas
composition and flow rates) on the conversion and spheroidi-
sation ratios. Pending these results, it is recommended that
the use of microwave plasma systems be considered for
further spheroidisation investigations.

The authors acknowledge the South African National
Research Foundation for financial support and the South
African Nuclear Energy Corporation for use of their
equipment.
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Table II

Fe 1.31 0.295 1.60 175



Railway wheels are used to support the wagon
mass and guide the wagon along the tracks
(Park, 1974). The wheels and rails must be
able to tolerate the applied tangential forces in
order to effect wagon dynamic performance
and reduce material deformation (Ghidini et
al., 1994; RSE_TE_SPC_0045, 2011; AAR
M107/M 208 Specification, 2011. Over the
past ten years, the South African coal wagon
maintenance depot has experienced excessive
hollow wheel wear rates on the heavy haul line
wheels. The maximum load of Jumbo wagons
on the coal line is 104 t, or 26 t per axle.
Although the maintenance intervention cycle
for wheelsets was two years, between
February 2011 and August 2012 some wheels
experienced excessive hollow wear. Hollow
wear is regarded as wear exceeding 2 mm on
the central portion of the wheel tread
(RSE_TE_SPC_0045, 2011). This happened
despite the fact that these wheels were
manufactured and certified according to the

requirements of AAR M107/208 standard for
carbon steel wheels (AAR M107/M 208
Specification,. 2011) and the local wheel
RS/ME/SP 021 standard specification (RS / ME
/ SP / 021 REV 5 (2013). The AAR standard
only specifies a minimum hardness as a
required mechanical property and the local
standard specifies hardness and minimum
tensile strength only. In general, an increase in
hardness will improve the rolling/sliding wear
resistance of steel. This relationship of
hardness and wear resistance was found to be
true only in a situation where solid and similar
alloys are in contact (Singh, Khatirkar and
Sapate, 2015). The sliding wear resistance of a
material is usually estimated using Archard’s
equation (Liu and Li, 2001). This wear
mechanism may manifest by crack initiation at
the surface and propagation until macroscopic
wheel material detachment occurs (Johnson,
1989). Fatigue crack initiation occurs as a
result of local plastic deformation (Johnson,
1989; Ekberg, 2001). This plastic deformation
and fatigue crack-related detachment forms
hollow wear within the wheel/rail interface
and progresses over many rolling contact
cycles. Lewis and Olofsson (2009) stated that
‘severe wear results in a rough, deep torn
surface – much rougher than the original
metallic wear debris, typical of up to 10 m’. It
was further indicated that there is a
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relationship between crack truncation and wear rate; if the
wear rate is high, cracks will probably be worn away before
progressing beyond stage A in Figure 1, otherwise the crack
becomes unsafe when it reaches point C. 

Heat treatment is the most important process for
improving wheel rim hardness and subsequently wear
resistance (Ekberg, 2001). Residual compressive stresses are
introduced in the wheel rim by a rim quenching process
during heat treatment that refines the grain structure and as
a result improves the wear resistance as well as the resistance
to crack initiation (Johnson, 1989). Excessive hollow wear
can affect the dynamic behaviour of the railway vehicle and
will lead to the increased likelihood of derailments (Lewis et
al., 2003). Although the main focus of this paper is on
excessive wear rates, wheel-rail interaction is also important.
When the contact area between the wheel and rail is small,
there is a corresponding high contact stress. Typical contact is
made over a quasi-elliptical area with an average diameter of
approximately 13 mm (Harris et al., 2001).

This research study was initiated to deepen the
understanding of the wear mechanism experienced on the
coal line. This will aid efforts to identify and abate the wear
rates, as well as in determining combative measures to
reduce the wear of the wheels. In order to investigate this, an
enhanced understanding of the current operating conditions,
wheel mechanical properties, metallographic properties, wear
mechanisms and wear regimes is essential.

Initially, two batches of wheels that showed high wear rates
in-service were declared unroadworthy and were removed
from service. Three wheelsets from the two batches were
selected for further analysis. The chemistry and tensile
properties of these batches were provided by the supplier.
Both batches were manufactured by Supplier A (wheel A).
The degree of wear was measured using the miniprof wheel
rim measurement technique. In addition, microstructural
analysis around the excessively worn area on the wheel tread
was conducted using optical and scanning electron
microscopy (SEM). The hardness results related to the
excessively worn wheel test batch were not available. In
addition, no further comparative hardness testing could be
carried out on the worn wheels due to their condition and
profile. However, according to Zang, Li and Zhang, (2011)
and Dieter (1988) the  hardness of materials often obeys the
three times empirical strength relationship of work-hardening

metals, therefore an extrapolation of material hardness was
carried out using the material yield strength.

In an effort to further understand the wear mechanism,
thirty-two brand-new wheelsets were ring-fenced for trials
and monitored for a period of two years on the coal Jumbo
wagons. These new wheelsets were supplied by two different
companies. The wheels were profiled to the nominal diameter
and put in service for wear monitoring. The operating
conditions were similar to the conditions that existed in
2011. Sixteen of the 32 wheelsets were manufactured by
‘Supplier A’ (wheel A) and the other 16 were manufactured
by ‘Supplier B’ (wheel B). Each bogie of the wagon was
paired with wheelsets made up of a combination of both
wheels A and B. Unfortunately, four wagons were removed
due to operational demand and therefore could not complete
the trial; and as a result they were excluded from the study.
The remaining 16 wheelsets that completed the trial were
measured bi-annually.

In additional, a wheel from each supplier was tested to
determine the chemistry, microstructural analysis and
mechanical properties. 

The wear rate of the tread surface depends on loading
conditions, therefore the loading conditions were analysed
according to compliance criteria from UIC Code 510-5 (2007)
and EN 13103 standards. The applied forces were calculated
and the main goal of the two-body contact interface analysis
was to determine the magnitude of stresses and
deformations. 

The three wheelsets that were removed from service were
identified as 8JS6699/024, 8US6855/003 and 8SU6085/046.
Wheelset 8JS6699/024 was in service for 9 months while
8US6855/003 and 8SU6085/046 were in service for 18
months. 

The chemical composition of the excessively (abnormal) worn
wheels from supplier A is shown in Table I. The chemical
composition and mechanical properties were found to be in
accordance with the requirements of AAR M107/M 208 and
RS/ME/SP 021 specifications, respectively.

The tensile tests results of the quality test batch related to the
excessively worn wheels are shown in Table II. These results
were found to be satisfactory and compliant with the local
specification. The material hardnesses that were extrapolated
were found to be approximately 310 HV and 329 HV, (290
HB and 309 HB when converted to Brinell hardness) respec-
tively (Dieter, 1988).

The rim profile was measured and evaluated according to the
requirements of RSE/TE/SPC/0045 (2013). The total average
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wear rate was found to be 0.33 mm/month according to the
rim profile measurements in Table III. The wear rates were
found to be excessive considering that the wheels were in
service for a period of 9–18 months.  

Figure 2 shows the excessive hollow wear on the wheel
rim profiles.

The treads of the wheels that experienced excessive wear
were examined with a stereoscope and optical microscope.
The treads revealed fine microscopic cracks, as shown in
Figure 3 and Figure 4. The cracking mechanism is similar to
that discussed by Lewis and Olofsson (2009); where the
wheel surface experiences deformations as a result of cyclic
loading, leading to crack initiation which ultimately results in
the loss of particles from the surface. Lewis et al. (2003)
described this phenomenon as ‘ratcheting’.

The general microstructure of the wheel was pearlitic with
ferrite embedded on the grain boundaries. The microstructure
observed during metallographic examination showed wheel
tread plastic deformation of approximately 75 m (see Figure
5). The wheel tread surface shows a breakage classified as
severe wear. 

Effect of yield strength on wear rates of railway wheels
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Table I

Wheel A1 0.68 0.78 0.39 0.01 0.01 0.02 0.13 0.13 0.04 0.16 0.01 0.04 0.01 0.03

Wheel A2 0.69 0.79 0.35 0.01 0.01 0.03 0.11 0.12 0.03 0.20 0.01 0.04 0.01 0.03

AAR M107/208 0.67–0.77 0.6–0.9 0.15–1.00 0.005–0.040 0.03* 0.06* 0.25* 0.25* 0.10* 0.35* 0.06* 0.05*
Grade C Standard

Table II

Ultimate tensile strength (MPa) 1054 1119 1050 minimum
0.2% yield strength (MPa) 642 660 Not specified
YS:UTS 0.61 0.59 Not specified
% Elongation 15 17 8 minimum
Strain 0.158 0.171 Not applicable
% Reduction area 31 39 Not specified

Table III

63655292 T/003 side A 02/2011 34.46 22.74 5.36 7.41 12.53
63655292 T/003 side B 02/2011 32.81 25.57 3.20 7.81 24.22
63655292 U/046 side A 02/2011 32.91 25.54 3.69 7.88 23.79
63655292 U/046 side B 02/2011 32.08 25.27 3.69 8.33 12.88
63655497 G/024 side A 11/2011 35.71 26.33 4.88 8.75 28.28
63655497 G/024 side B 11/2011 34.90 25.12 4.77 7.90 19.27

*Maximum
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Figure 6 shows a SEM micrograph detailing the fatigue
micro-cracks on the excessively worn wheel.

The metallurgical and mechanical testing results of the two
wheels sampled from supplier A and B are presented below.

Chemical compositions of the trial wheels examined are given
in Table IV. The chemical compositions of both wheels
conformed to the AAR M107/208 specification. The carbon
content of wheel A was 5.5% lower than that of wheel B; this
difference is significant given the importance of carbon as an
element that influences hardenability. 

The tensile test results are shown in Table V. Results of both
wheels complied with the requirements of RS/ME/SP021. The
ultimate tensile strength and yield strength of the trial wheels
were significantly better than the values for the wheels that
experienced excessive wear.

Transverse sections of the two wheels sampled from the ring-
fenced wheels were prepared for metallographic examination.
The general microstructure of the two wheels was pearlitic
with ferrite embedded on the grain boundaries (Figure 7). 

A microslice from the rim on the wheels identified for
destructive testing was sectioned and prepared for Brinell
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Table IV

Wheel A 0.69 0.78 0.33 0.01 0.01 0.02 0.15 0.18 0.04 0.09 0.01 0.04 0.01 0.03

Wheel B 0.73 0.78 0.26 0.01 0.01 0.02 0.10 0.24 0.03 0.21 0.01 0.04 0.01 0.03

AAR M107/208 0.67–0.77 0.6–0.9 0.15–1.00 0.005–0.040 0.03* 0.06* 0.25* 0.25* 0.10* 0.35* 0.06* 0.05*
Grade C Standard

Table V

Ultimate tensile 1223 1185 1050 minimum
strength (MPa)

0.2% yield 924 910 Not specified
strength (MPa)

YS:UTS 0.76 0.77 Not specified

% Elongation 17 16 8 minimum

% Reduction area 35 33 Not applicable

*Maximum



hardness testing. The wheel rim hardness tests were
conducted at the positions indicated in Figure 8 and the
results are presented in Table VI. All wheels complied with
the minimum and maximum hardness requirements of
specification RS/ME/SP021 grade C alloy. The hardness
measurements were comparable and did not show the effect
of the 5.5% carbon variation.

Only 16 of the 32 ring-fenced wheelsets were analysed, as
mentioned, and the results are discussed below. All the
wheels used in the test were manufactured through a forging
proces.

The results listed in Table VII are the rim profile
measurements for the last cycle measurements over a 24-
month period. 

Of the 16 wheelsets shown in Table VII, 14 of the left-
hand side wheels on the wagons were worn more than those
on the right-hand side. Only two of the right-hand wheels
showed pronounced wear. The hollow wear on trial wheels
was satisfactory considering that the average wear rate was
0.06 mm/month and the maximum variation was 0.42 mm
per wheelset. Figures 9–12 show the wheel rim profiles per
wagon. Thee wear rates of the trial wheels are significantly
lower than the wear rates in Table III. 

The asymmetrical hollow wear that was observed on the
excessively worn wheels, as originally detected in 2011 and
2012, was indicative of a batch with inferior mechanical
properties. The asymmetrical wear on the trial wheels was
not as pronounced and as such was deemed normal and
acceptable. The high wear rates of the excessively worn
wheels also indicate that there is a possibility that the wheel
material was of inferior mechanical properties with reference
to the trial (ring-fenced) wheels. In general, excessive wear
was predominant on wheels identified as wheel type A in
2011 and 2012.

The tread of the trial wheel shown in Figure 13 was smooth,
without signs of the cracks observed on the excessively worn
wheels seen in Figure 3. Furthermore, microscopic
examination of the wheel tread did not reveal any operation-
related defects, except for random micro-spalling seen in
Figure 13 and 14. The wear mode was characterized as mild
wear. The wheel with high wear rates in Figure 6 showed
larger spall marks than the trial wheels in Figure 14 at the
same magnification.     

This section focuses on wheel load and compliance criteria
from UIC Code 510-5 (2007) and BS EN 13103 (2009)
standards. The applied forces were calculated on the basis of
the value of load Qg. Load Qg is defined in the EN 13103
standard as half the vertical force per wheelset on the rail (BS
EN 13103, 2009). The main goal of the two-body contact
interface analysis was to calculate the magnitude of stresses
and deformations. UIC Code 510-5 recommends that for
design purposes, three load cases must be considered,
namely Load case 1: straight track, Load case 2: curve and
Load case 3: negotiation of points and crossings. However,
for the purpose of investigating hollow wear only Load case 1
is applicable.

This load case is for a centred wheelset on a straight track as
represented by 1 (highlighted) in Figure 15. Equation [1]
was used to calculate the loads tabulated in Table VIII.
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Table VI

1 341 344
2 347 351
3 351 341 321–363
4 333 329
5 341 336
6 338 321
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Table VII

63634325 Wheel B 1 30.447 11.105 25.947 1.338 0.00 Left
2 30.879 11.385 25.831 1.639 0.30 Right

Wheel A 3 30.148 10.815 26.153 1.274 0.00 Left
4 30.166 10.881 26.008 1.282 0.01 Right

Wheel B 5 30.244 11.288 25.897 1.222 0.00 Left
6 30.599 11.408 25.883 1.559 0.34 Right

Wheel A 7 30.546 11.254 25.832 1.331 0.00 Left
8 30.346 10.907 25.713 1.565 0.23 Right

63634317 Wheel B 1 30.246 11.403 25.688 1.535 0.00 Left
2 30.263 11.299 25.680 1.583 0.05 Right

Wheel A 3 29.705 10.075 25.794 1.087 0.00 Left
4 30.569 11.169 25.877 1.390 0.30 Right

Wheel B 5 30.585 11.528 26.031 1.537 0.00 Left
6 30.765 11.427 26.041 1.576 0.04 Right

Wheel A 7 29.934 10.557 26.040 1.168 0.00 Left
8 31.335 12.092 25.611 1.585 0.42 Right

63634309 Wheel B 1 30.474 11.148 26.025 1.188 0.00 Left
2 30.455 11.464 26.017 1.452 0.26 Right

Wheel A 3 30.418 11.198 25.777 1.251 0.00 Left
4 30.069 11.119 26.180 1.357 0.11 Right

Wheel B 5 30.116 11.135 25.901 1.119 0.00 Left
6 30.245 10.673 25.775 1.111 -0.01 Right

Wheel A 7 30.629 11.449 25.756 1.484 0.00 Left
8 30.104 11.018 25.983 1.184 -0.30 Right

63634295 Wheel B 1 30.761 11.555 25.961 1.363 0.00 Left
2 30.458 11.071 25.946 1.588 0.22 Right

Wheel A 3 30.318 11.145 26.189 1.269 0.00 Left
4 30.008 11.183 26.092 1.369 0.10 Right

Wheel B 5 30.302 11.378 25.802 1.255 0.00 Left
6 30.457 10.989 25.823 1.375 0.12 Right

Wheel A 7 30.604 11.359 25.981 1.293 0.00 Left
8 30.366 11.146 25.869 1.557 0.26 Right



[1]
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Table VIII

Q (per axle) 26 t
Q (per wheel) 13 t
g 9.81 m/s2

Fz1 159 413 N
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Hertz (Johnson, 1985) developed a theory to calculate the
contact area and pressure between two surfaces and predicted
the resulting compression and stress induced on the objects.
The principal stresses acting along the x, y, z axes at or
below the contact area are x, y and z. The shear stresses
acting along the axes at or below the contact area are zero.
The current manufacturing specification does not specify the
minimum yield strength; however, according to the distortion
energy theory; the yield strength is an important property.
Harris et al. (2001) found that the wheel/rail interaction
contact is made over a quasi-elliptical contact patch the size
of a small coin of about 13 mm (½ inch) diameter. A
minimum diameter of 13 mm was used to calculate the
yielding criterion strength for a 26 t per axle load wagon (see
Table IX). The results for the excessively worn wheels
presented in Table IX show that the yielding criterion
exceeded the uniaxial yield strength of wheel A at a contact
patch of 13 mm diameter. The elasto-plastic response shown
in Figure 16 was extensively analysed by Johnson (1989).
The load factor of the excessively worn wheels and the ring-
fenced wheels at a maximum contact stress of 1812 MPa are
summarized in Table X. Given the interpretation of elasto-
plastic behaviour of the wheels at approximately 0.3
coefficient of friction, it is expected that excessively worn
wheel A will distort and be more susceptible to both surface
fatigue and development of hollow wear in service than the
ring-fenced wheels A and B, which showed high yield
strength values compared to the values determined by the
Von Mises and Tresca criteria.

Shear flow on the excessively worn wheels and fatigue micro-
cracks suggest a great amount of shear deformation of
material on the tread surface. Olofsson et al. (2013) found
that cyclic loading that leads to wheel surface deformation
results in crack nucleation and subsequently removal of
material. The excessively worn wheels revealed plastic
deformation on the tread that resulted in the initiation of
cracks. The wear on the wheels most likely occurred by a
form of material detachment at the intersection of cracks. The
wear observed in this research occurred by rolling contact
fatigue that progressed by the shedding of small particles.
The ring-fenced wheels did not exhibit any unusual wear-
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Table IX

9 63 2537 3806 3806 2284 2284 1522
11 94 1691 2537 2537 1523 1522 1015
13 132 1208 1812 1812 1088 1088 725
15 176 906 1359 1359 816 816 543
17 226 705 1057 1057 634 634 423
19 283 564 846 846 508 508 338
21 346 461 692 692 415 415 277
23 415 384 577 577 346 346 230
25 490 325 488 488 293 293 195
27 572 279 418 418 251 251 167
29 660 242 362 362 218 218 145
31 754 211 317 317 190 190 127

Table X

Wheel A1 1812 660 381 4.8
Wheel A2 1812 642 371 4.9
Wheel A 1812 924 534 3.4
Wheel B 1812 910 525 3.5



related defects and since the only difference between the
wheels is strength, it is therefore concluded that the wear
mechanism is related to the material strength. The
tension/shear forces are complicit in the formation of fatigue
cracks and material shear deformation.

The test certificate of the wheels showing initial excessive
wear revealed a significantly lower yield strength compared
to the ring-fenced wheels, although only the ring-fenced
wheels satisfied the minimum AAR and local specifications.
However, it is worth noting that the yield strength is not a
requirement for both specifications. Hardness testing of the
excessively worn wheels could not be carried out due to
deformations and high wear rates; however, Dieter (1988)
reported that empirically the yield strength is three time the
hardness of work-hardening materials, therefore the
hardnesses of the wheels were extrapolated using the
empirical relationship. The converted hardness results did not
conform to the minimum requirement of AAR M107/208 and
local specification requirements. On the other hand, the
Archard wear equation shows that the material surface
hardness is inversely proportional to wear resistance and
therefore, the likelihood of wear increases with lower
hardness (Liu and Li, 2001; Barwell, 1974).

Based on Hertz’s theory, the calculated contact area and
pressure between wheel and rail predicts plastic deformation
on the wheels that ultimately resulted in excessive wheel
wear (Barwell, 1974). Stress calculations suggest that the
excessively worn wheelsets were exposed to heavy loading,
i.e. high normal and tangential forces. The ring-fenced
wheels’ yield strength exceeded the calculated Von Mises and
Tresca stresses. The high stress in this instance was
determined using a contact patch with an average 13 mm
(long diagonal) elliptical diameter.

The ring-fenced wheels showed endurance performance
by exhibiting lower wear rates compared to the excessively
worn wheels. The lasting performance in the ring-fenced
wheels is largely related to the higher yield strength in
comparison to the excessively worn wheels. 

The high wear rates observed on the excessively worn wheels
from supplier A were as a result of low yield strength relative
to the load per axle. The typical wear mechanism found here
is a combination of rolling contact fatigue and abrasive brake
wear. It is recommended that local and AAR specifications
should consider minimum yield strength to determine axle
load. Furthermore, the development of an optimized heat
treatment process aimed at increasing the hardness and yield
strength of AAR class C wheel rims will result in a consid-
erable increased wheel life.

The wheel profiles used in this report were measured by
Georg Hettasch and Victor Ngobeni, who are gratefully
acknowledged by the authors.
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Two rocker arm studs used on a 16-cylinder
diesel locomotive engine failed prematurely
after being in service for less than 5 months.
The rocker arm studs had a life-cycle of 5
years. The studs were manufactured from re-
sulphurized steel. The paper aims to establish
whether re-sulphurized steel is applicable for
the manufacture of studs in the automotive
industry.

Locomotives are classified as either electric or
fuel-powered. Diesel locomotives are an
example of fuel-powered locomotives. This
type of locomotive uses a diesel engine as a
means for propulsion. An engine converts
chemical energy into mechanical energy
required for traction. In an internal combustion
engine a rocker arm is an oscillating lever that
conveys radial movement from the cam lobe
into linear movement to open and close poppet
valves of cylinders (Husain and Sheikh,
2013). The rocker arms are secured on to the
cylinder head by rocker arm studs.

During operation of the engine, stresses
and vibrations are encountered leading to
rocker arm stud deflection (Ridgeway, 1975).
The deflection of rocker arm studs causes
inefficiency in engine operation and gradually
leads to metal fatigue and hence stud breakage
or disengagement of the stud from the cylinder
head due to loosening (Ridgeway, 1975).
However, the latest designs incorporate a
housing or adapter cover as a restraining
means to prevent stud deflection (Ridgeway,
1975).

Incorrect torqueing of a rocker arm stud
can lead to premature failure due to uneven
stresses on the component (Roberts, 1997).
Torqueing below the minimum requirements
would lead to deflection and vibration of the
stud, thus leading to fatigue damage and over-
torqueing would lead to loss of compression
and warpage of the stud (Roberts, 1997).
However, the material of the stud also plays a
vital role in sustaining the deflection,
vibrations and stresses acting on the studs
during operational service.

Re-sulphurized steel has found usage in
the production of threaded components such
as studs, bolts and screws, mainly to enhance
machinability and in applications that require
low tensile strength material.

A stud is a relatively long rod that is threaded
on both ends (Wikipedia, 2016), that is
designed to be used in tension. Studs are used
for joining parts to cast components. The
tensile strength of cast iron is very low and
excessive tightening of a set screw into a cast

Premature failure of re-sulphurized
steel studs
by E. Molobi*

Studs are rods threaded on both ends and are used as mechanical
fasteners for two or more components. Stud finds usage in industries such
as automotive, construction and aviation. The advantage of studs is that
they allow for disassembly of components during maintenance. Studs are
continuously subjected to both tensile and shear stresses, depending on
the application, therefore they should be manufactured from suitable
materials that are capable of withstanding all these external forces. Studs
are sometimes manufactured from re-sulphurized steel due to its improved
machinability; however, there is a certain limit on the amount of sulphur,
above which failure may occur. Premature failure of studs has been a
common problem, but failed studs are commonly replaced with new ones
without conducting failure investigations. The present work investigates
the premature failure of two re-sulphurized steel studs used on a rocker
arm assembly and recommends alternative materials. The investigation
was carried out by conducting visual examination, microstructural
analysis, hardness measurements, chemical analysis and a detailed
scanning electron microscopy (SEM) investigation on the fracture surface.
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iron thread may cause the thread to crumble, thus
permanently damaging the casting (Jayendran, 2007). Studs
are first screwed into the casting and tightening is done using
mild steel nuts. Any damage due to excessive tightening will
be to the stud or nut and not the casting. Studs are used to
ensure gas-tight and watertight joints in applications where
heavy pressures are encountered (Jayendran, 2007). A
typical stud connection is shown in Figure 1.

In many cases, threaded fastener joints are the weakest
elements in a structure or mechanism (Toribo et al., 2010).
This is because threads act as stress raisers and lead to easy
crack initiation. The failure modes of threaded fasteners such
as studs are: (i) overload, (ii) lack of locking mechanism,
which cause the studs to become loose, (iii) fatigue failure,
(iv) improper torque, (v) improper design, (vi) improper
manufacture and (vii) corrosion failure (Roberts, 1997).
Fatigue seems to be one of the most common problems and
this can be due to insufficient pre-load, loosening, inadequate
design considerations and material problems (Toribo et al.,
2010).

Threaded fasteners are generally made from low- to
medium-carbon steel, but other tough inexpensive metals
may be substituted such as stainless steel, brass, nickel
alloys, or aluminium alloy. The quality of the metal used is
important in order to avoid cracking. Stud threads may be
machined or rolled; in cases where machining is used the
materials machinability becomes of utmost importance. Free-
cutting steels are normally used in applications that require
good machinability. Machinability of steels is dependent on
hardness, chemistry, microstructure and the mechanical state
of the metal (Stephenson and Agapiou, 2006).

Sulphur, phosphorus and lead are added to steel to
enhance machinability. Sulphur does not alloy with the iron
in steel but combines with the manganese to form sulphide
inclusions (Bramfitt and Benscoter, 2002), as sulphur cannot
form a solid solution with steel and thus remains as insoluble
inclusions in the matrix. Manganese sulphide behaves as a
solid lubricant, by coating and lubricating the rake face of the
machining tool, hence reduces friction, tool chip temperature
and tool wear (Bramfitt and Benscoter, 2002). 

Although re-sulphurized steels are beneficial for machin-
ability, the addition of sulphur adversely affects other
mechanical properties such as corrosion resistance, ductility,
toughness, formability and weldability (Stephenson and
Agapiou, 2006).

The stresses acting on threaded fasteners include both a
tensile and a shear component (Grove, 2007). Once a
threaded fastener is tightened, it is loaded in tension and the
fastened parts in compression. In addition, the forces acting
on the fastened parts may be acting in opposite directions,
resulting in a shear stress on the threaded fastener cross-
section. Figure 2 shows typical forces acting on a threaded
fastener.

The fracture surfaces of studs A and B were examined
visually. The condition of the stud threads was also
examined. Magnetic particle inspection was carried out by
use of a magnetic yoke and magnetic particles on a white
background for crack detection. Chemical analysis was
carried out by mass spectrometry. Hardness measurements
were conducted using a Brinell hardness meter under a load
of 3000 kg and with a 10 mm ball indenter. Metallographic
samples were sectioned from studs A and B and mounted in a
resin for easy handling. Following mounting, the sectioned
samples were ground and polished and etched with 2% nital
for microstructural analysis. The fractography of studs A and
B was analysed by scanning electron microscopy (SEM) using
energy dispersive X-ray (EDX) spectrometry to quantify and
identify the inclusions present.

�
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Visual examination entailed examination of the stud threads
and fracture surface. Contact marks were observed on both
studs A and B (Figures 3 and 4); these contact marks could
have been formed either before or after stud fracture and
could be due to loosening or under-torqueing of the studs.
Necking in the longitudinal axis of the studs was not evident
and no thread wear or thread mechanical damage was visible.
Lack of necking shows that stud over-torqueing was unlikely
to be the cause of failure.

The fracture surface of stud A (Figure 5) was perpen-
dicular to the stud axis. Mechanical damage and metal
smearing was observed close to the stud peripheral, hence
the failure origin could not be established. The roughness of
the fracture surface was not uniform and the overload region
displayed material tearing. The change in roughness of the
fracture surface is one of the indications of fatigue failure.
Progression marks were not observed on the fracture surface
and final fracture occurred in approximately the 5 o’clock to 7
o’clock position. Lack of progression marks indicates that the
load did not vary during the life of the crack. Cracking and
material tearing was also observed. The final fracture
displayed a ductile mode of failure.

The fracture surface of stud B (Figure 6) was perpen-
dicular to the stud axis. Ratchet marks were observed in the
10 o’clock to 1 o’clock position (Figure 6 and 7); these are

indicative of fatigue failure. Progression marks were not
evident. A shear lip was evident in the 4 o’clock to 7 o’clock
position, which is the point of final fracture and cracks were
also observed on the fracture surface. The presence of a shear
lip may indicate a ductile failure mode. Mechanical damage
was also present in areas of the fracture surface, hence the
difference in surface roughness of the fracture surface could
not be observed.

The threads of both stud A and B showed no evidence of
mechanical damage except for the thread in which failure
occurred. No progression marks were observed on either
stud; hence it is unlikely that the failure was due to stud
under-torqueing. The stress level during crack growth did not
vary, which is unexpected of a loose stud. The presence of
ratchet marks on stud B is evidence of multiple crack origins;
however, the final fracture was less than 50% of the surface
area of the fracture, hence it is evident that the stress at the
time of failure was low. Ratchet marks indicate the presence
of stress raisers.

Magnetic particle inspection revealed cracks on stud B
(Figure 8). The crack observed on the fracture surface of stud
B (Figure 6) was continuous in the longitudinal direction of
the stud. 

Premature failure of re-sulphurized steel studs
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Samples were sectioned from studs A and B for spectrometric
analysis. Mass spectrometry was used to analyse the
chemical composition of the studs. The analysis is shown in
Table I. The elemental analysis complied with the
requirements of a re-sulphurized steel according to specifi-
cation SAE 1144. Re-sulphurized steels contain significant
quantities of sulphide stringers, which reduce their resistance
to fatigue (Bramfitt and Benscoter, 2002) and are not
acceptable for use in high-stress and high-cycle vibration
fatigue applications, such as studs (Grove, 2007).

The Brinell hardness of stud A and stud B was measured
to be 257 and 259, respectively.

Re-sulphurized steels contain particulate phases that
reduce their resistance to fatigue (ASTM E45, 2013) and are
not acceptable for use in high-stress and high-cycle vibration
fatigue life, such as stud fasteners (Smith, 1994). These
steels can safely be used in low-ductility applications. 

The microstructural analysis showed both studs to be
composed of pearlite in a ferritic matrix. Level 5 sulphide
inclusions were present throughout the ferritic matrix in
accordance with specification ASTM E45 (2013). The
presence of sulphide stringers indicates that the studs were
hot-rolled. Figures 9 to 11 show optical micrographs of studs
A and B.

The fracture surface of stud A was cleaned using acetone and
dried before examination under SEM. The fractography
displayed material tearing with numerous cracks, which is
characteristic of a ductile dimple fracture mode (Figure 12).

�
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Table I

Carbon 0.44 0.40 0.40–0.48
Manganese 1.61 1.54 1.35–1.65
Silicon 0.19 0.32 –
Sulphur 0.31 0.32 0.24–0.33
Phosphorus 0.012 0.014 0.04 max.
Chromium 0.09 0.09 –
Copper 0.11 0.12 –
Nickel 0.08 0.04 –
Hardness (10/3000HB) 257 259 217 min



The cracks and tearing originated from inclusions, which
were also present close to the stud surface (Figure 13 and
Figure 14a). EDX analysis was conducted to identify and
quantify the elemental composition of the inclusions; the
EDX positions are shown in Figure 14b. The analysis
revealed the inclusions to be MnS (manganese sulphide);
results are shown in Table II. 

The crack observed on the fracture surface of stud B
(Figure 6) was opened (Figure 15) and the crack fracture
surface was analysed using SEM. Elongated inclusion
stringers were present in the longitudinal direction of the
stud (Figure 16) and the fracture surface had a ‘woody’
appearance, as shown in Figure 15. EDX analysis was
conducted on the inclusion stringers to determine and
quantify the chemical composition; the EDX positions are
shown in Figure 17. EDX revealed the stringers of inclusions
to be MnS (Table III). The MnS stringers were elongated in
the stud rolling direction; which indicates that the studs were
hot-rolled and confirms the pearlitic structure in the ferrite
matrix. Sulphur is deformable at high temperatures and

becomes elongated during forming processes such as rolling
(Cyril, Fatemi and Cryderman, 2008).

Stringers of MnS inclusions are known to have adverse
effects on the mechanical properties of a component,
provided that the inclusions are not aligned with the loading
direction (Cyril, Fatemi and Cryderman, 2008). Shear stress

Premature failure of re-sulphurized steel studs
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Table II

Oxygen 1.07 1.03 2.31 3.44
Aluminium - - 0.19 -
Silicon - - 0.22 -
Sulphur 34.30 30.87 14.07 22.59
Manganese 57.58 61.84 22.27 33.06
Iron 7.05 6.26 60.95 40.90
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perpendicular to the stud axis is present due to the
components being joined. It is thus expected that the fatigue
properties in the transverse direction of the stud will
deteriorate as compared to those in the longitudinal direction.
It is probable that the studs failed from fatigue loading
caused by the transverse shear stresses, with MnS inclusions
as the initiation points, which reduced the fatigue strength of
the studs.

� The presence of MnS (manganese sulphide) inclusions
reduces resistance to fatigue in the transverse direction

� The lack of necking proved that over-torqueing could
not have been the cause of failure

� The lack of progression marks and mechanical damage
on the rest of the threads suggests that under-
torqueing is unlikely to be the cause of failure

� The most probable cause of failure is the presence of
large MnS inclusions, which acted as initiation points
for fatigue failure. Both transverse shear forces and
longitudinal tensile forces could have led to failure

� Re-sulphurized steels are used for applications such as
screws, which are subjected to low loads, but are not
suitable for high-load application components such as
these studs

� It is recommended that studs be manufactured from
materials with good strength, hardness and impact
properties regardless of anisotropy. These include
chromium-nickel steels, which have increased
toughness and strength.
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Table III

Oxygen 2.15 1.27 1.36 1.50
Sulphur 27.01 31.99 22.69 30.09
Manganese 49.60 53.92 41.67 49.21
Iron 21.24 12.82 34.28 19.21



The automotive and aerospace industries have
been interested in metal matrix composites
(MMCs) and metal matrix nanocomposites
(MMNCs) due to the growing demand for
lightweight, high-performance materials
(Mazen and Emara, 2004). MMCs and MMNCs
have been considered as replacements for
conventional metals and alloys because they
have higher stability at elevated temperatures,
good strength-to-mass ratios and superior
wear resistance, along with high stiffness and
strength (Zhou et al., 1999). 

The mechanical properties of composite
products are influenced mainly by the distri-
bution of reinforcing particles in the matrix
and the strength of the interfacial bonds
between reinforcing particles and the matrix
(Liang et al., 1992). The ideal composite has
an even distribution of the reinforcement
phase throughout the matrix (Ferry, 2005),
but generating this is a challenge when
fabricating both MMCs and MMNCs. In MMCs,
the micrometre-sized reinforcing particles tend
to settle on the grain boundaries and in
MMNCs the nano-sized reinforcing particles
form agglomerates (Borgonovo and Apelian,
2011; Casati and Vedani, 2014). 

Secondary deformation processes such as
extrusion, forging, rolling and drawing may be
used to improve the reinforcing particle distri-
bution, thereby enhancing mechanical
properties such as hardness and strength
(Hirianiah et al., 2012). These deformation
processes are usually carried out at high
temperatures since more deformation can be
achieved due to the increased plastic flow
(Saravanan and  Senthilvelan, 2015).
However, operating at high temperatures has
the disadvantages of high energy costs,
reduced equipment and tool life, poor surface
finish and low dimensional accuracy (Rajput,
2007). These disadvantages mean that hot-
worked MMC and MMNC components are
expensive and thus are unattractive to
industry. 

Deformation behaviour of aluminium
low-micron MMCs and MMNCs at warm
working temperatures (0.3—0.5 Tm)
by Z. Gxowa*†‡, L.H. Chown†‡, G. Govender* and U. Curle*

This work evaluates the deformation behaviour, at warm working temper-
atures, of green particle-reinforced aluminium composites produced by
powder blending in a high-energy ball mill. The work focuses on metal
matrix composites (MMCs) based on the 2124-Al alloy, reinforced with 10
or 15 vol.% SiC and metal matrix nanocomposites (MMNCs) based on the
2124-Al alloy, reinforced with 5 or 10 vol.% Al2O3. Three batches for each
powder were blended and powder properties such as particle size distri-
bution (PSD) and shape were consistent after blending. It was observed
that a more uniform distribution of the reinforcement phase in the
aluminium alloy matrix was achieved in 2124-Al/Al2O3 than in 2124-
Al/SiC composites. The powders (unreinforced 2124-Al and blended) were
initially over-aged at 350°C for 2 hours to reverse any natural ageing that
may have occurred prior to use. The over-ageing was incorporated to
improve compressibility of the powders with the aim of achieving green
compacts with higher integrity. Uniaxial compression tests performed at
ambient temperature on a Gleeble® 3500 thermomechanical simulator were
unsuccessful as the green compacts fragmented. Engineering stress-strain
curves showed that green compacts of unreinforced 2124-Al, 10%SiC MMC
and 5%Al2O3 MMNC deformed in a similar manner at ambient temperature
and had the same compressive fracture stress of approximately 170 MPa.
When the deformation temperature was increased from ambient to warm
working temperatures (170–280°C) it was observed that electrical
resistance heating (the heating mode of the Gleeble®) of unreinforced Al
alloy, MMC and MMNC green compacts did not occur. This was attributed
to the high electrical conductivity of aluminium, which resulted in poor
heat generation due to the low electrical resistance in the samples. It was
presumed that the small sample size (d=8 mm, h=12 mm) also caused
rapid heat loss. After further experimentation, the green compacts were
heated successfully by insulating the samples to retain heat. It was found
that at 280°C, increasing the soaking time from 6 to 20 minutes decreased
flow stress and improved plastic flow in the 2124-Al/10%SiC green
compact.
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Deformation behaviour of aluminium low-micron MMCs and MMNCs

Warm working has been shown to have some advantages
over both cold and hot working (Rao et al., 1999).
Advantages of warm working over cold working include
(Cavaliere, 2002):
� Less strain hardening – fewer annealing operations
� Increased plastic flow – lower loads are required
� Higher metal ductility.

Warm working has lower processing costs than hot
working due to the lower energy requirement, longer
equipment and tool life and better dimensional accuracy and
surface finish (Cavaliere, 2002). Operating at warm working
temperatures may thus decrease processing costs while still
producing high-quality products (Jensrud, 1998). 

In this work, the deformation behaviour, at warm
working temperatures, of particle-reinforced aluminium
composites produced by powder blending in a high-energy
ball mill was evaluated through uniaxial compression tests
performed on a Gleeble® 3500 thermomechanical simulator.

A Simoloyer CM-01® 2L horizontal high-energy ball mill was
used to blend 2124 aluminium alloy (45–90 μm) powder (the
matrix material) with reinforcing powders to form:
� Low-micron aluminium metal matrix composites with

10 or 15 vol.% SiC (1–10 μm) as the low-micron
reinforcement

� Metal matrix nanocomposites with 5 or 10 vol.% Al2O3

(40–70nm) as the nano-sized reinforcing phase. 
Three batches of 2124 aluminium alloy powder with

Al2O3 (MMNC) and three with SiC (MMC) powder were
blended to assess the consistency of blending. The powders
were characterized by particle size and shape analysis using a
Microtrac Bluewave® and were visually assessed by scanning
electron microscopy (SEM) on a JEOL JSM 6510®. The unrein-
forced aluminium alloy powder and the blended powders
were then cold-compacted, i.e. at ambient temperature, into
cylindrical green compacts with a diameter of 8 mm and
height of 12 mm in preparation for the uniaxial compression
tests. 

The initial cold compaction trials of both the unreinforced
aluminium alloy powder and blended powders were
challenging as the green compacts fractured into horizontal
slices. This was attributed to natural ageing of the Al alloy
powder due to long-term storage. The powders (unreinforced
2124-Al and blended) were then over-aged at 350°C for 2
hours, which improved their compressibility and resulted in
green compacts with better consolidation and no surface
cracks. The deformation behaviour of the unreinforced 2124
aluminium alloy, MMC and MMNC green compacts was
evaluated by performing uniaxial compression tests on a
Gleeble 3500® thermomechanical simulator at approximately
25°C and 280°C, a total strain of 0.1 and a strain rate of 
0.01 s-1. The green compacts were soaked for 6 minutes
before compression. The soaking time was then increased to
20 minutes for the MMC green compact with 10 vol.% SiC to
evaluate the effect of soaking time on deformation behaviour.

Three batches (referred to as batch 1, 2 and 3) of each
powder were blended, which helped to assess if the properties
that were obtained after blending were consistent.

SEM micrographs of MMNC blended powders with 5 vol.%
Al2O3 from three batches at 500× magnification are shown in
Figure 1. From these images it can be observed that there are
lighter, finer Al2O3 particles on the surface of the coarser,
spherical 2124-Al alloy powder particles. The three batches
have a relatively uniform distribution of Al2O3 particles on
the aluminium alloy particles. Figure 1a shows that some of
the aluminium alloy particles have changed shape and some
have fractured into smaller particles. The change in particle
shape can be attributed to plastic deformation that occurred
during blending.

Figure 2 shows a similarly uniform distribution of Al2O3

nano-sized particles on the 2124-Al powder particles, despite
the 5 to 10 vol.% increase in Al2O3. This finding contradicts
results found in liquid-state processing, where Borgonovo
and  Apelian (2011) found that the tendency of nanoparticles
to form agglomerates increased as their volume fraction in
the matrix increased. The even distribution found in this
work (Figure 2) can be attributed to good blending
parameters, as well as the fact that any particle clusters that
may have formed were ground as the blending process
progressed. This positive result is an indication that the
problems of agglomeration encountered in liquid-state
processes could be averted by using solid-state techniques.

The micrographs in Figure 3 show that all three 10% SiC
batches contained spherical 2124-Al alloy particles
surrounded by small, irregularly shaped SiC particles. As only
a small amount of the SiC particles coated the 2124-Al alloy
particles and a large amount of the SiC particles were loose, it
can be inferred that the SiC powder did not blend fully with
the aluminium alloy powder. This poor blending was
attributed to poor surface interaction between SiC and the
2124-Al alloy particles. 

�
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The mode of the particle size distribution (PSD) for the
unreinforced 2124-Al alloy powder was 74 μm. Figure 4a
shows that the addition of 5 vol.% Al2O3 to the 2124-Al
powder caused no difference to the shape or mode of the PSD
curves for batches 2 and 3 (mode of 74 μm), but the mode of
batch 1 was 62.23 μm, indicating breakage of some 2124-Al
particles. There was less scatter with 10 vol.% Al2O3 addition
(Figure 4b) with PSD modes of batches 2 and 3 between 62
and 74 μm and the mode of batch 1 at 62 μm.

The 2124-Al/SiC powder batches had bimodal size distri-
butions (Figure 5), shown by two peaks on the PSD curves,
with the major peaks very close to that of the pure 2124-Al
powder. The minor peaks at approximately 5.5 μm (Figures
5a and 5b) correspond with loose SiC particles that did not
adhere to the 2124-Al powder. However, there was no minor
peak for 10% SiC batch 1, as the sizes ranged from 2.75 to 
37 μm, showing agglomeration of the SiC particles. All
batches with 10% and 15% SiC powders had major peak
modes of 62 to 74 μm, showing slight attrition of the 2124-
Al powder particles. The bimodal nature of the SiC-added PSD
curves show a much lower adherence of SiC to the 2124-Al
particles (Figure 5) than the Al2O3–added powder particles
(Figure 4), indicating poorer blending behaviour of SiC.

During cold compaction, the green compacts of the unrein-
forced and blended powders fractured into thin, nearly
horizontal slices, as shown in Figure 6. This was attributed to
natural ageing of the 2124-Al alloy powder due to long-term
storage (Nazarenko et al., 2014). The powders were then
exposed to an over-ageing heat treatment at 350°C for 2
hours in order to reverse the effects of ageing. Figure 7
shows a green compact that was successfully compacted
using the over-aged powder.

Optical microscopy of the green compact (Figure 7)
revealed a non-uniform density distribution in the uniaxial
green compact, with high density at the surface (Figure 8a)
and low density at the core (Figure 8b). German (1994)
showed how density varies in green compacts from both
single- and double-action pressing (Figure 9). In the current
work, double-action pressing was used. From Figure 9 it can
be observed that green compacts produced from double-
action pressing have lower densities at the mid-height
surface (Hofmann and Bowen, 2011). 

Pressure gradients, caused by the friction between the
powder and the die walls, lead to non-uniform density distri-
bution in green compacts (Glass and  Ewsuk, 1995). The
frictional force opposes the applied force and decreases the
amount of pressure transmitted to the powder for consoli-
dation (Turenne et al., 1999), so high pressures result in
high green densities (Tiwari, Rajput and Srivastava 2012).
Thus the lower densification observed at the core of the
sample (Figure 8b) is an indication of a non-uniform density
distribution in the sample.

The technique of over-ageing the powders before cold
compaction worked for the unreinforced and reinforced
powders, except for the powder reinforced with 10 vol.%
Al2O3. The poor compressibility of the 2124-Al/10%Al2O3

Deformation behaviour of aluminium low-micron MMCs and MMNCs
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Deformation behaviour of aluminium low-micron MMCs and MMNCs

powder could have been due to the higher amount of Al2O3

on the surface of the 2124-Al particles, thus limiting the
effect of over-ageing and preventing plastic deformation and
bonding. Al2O3 has a high heat resistance, so the Al2O3

coating could have acted as a barrier to heat transfer thus
limiting the effect of over-ageing, which meant that the
hardness of the 2124-Al/10%Al2O3 powder was not changed
dramatically by the over-ageing process (Pham, Maruoka and
Nanko, 2016). The presence of more Al2O3 particles on the

aluminium alloy particle surfaces, due to a higher vol.% Al2O3

added, could have increased the hardness of the reinforced
powder even further, since Al2O3 has a higher hardness than
the Al alloy (Auerkari, 1996).

Poor consolidation and very little plastic deformation or
bonding occurred in the 2124-Al/10%Al2O3 composite, as
shown in the polished section in Figure 10. Figure 10 shows
that there are nano-Al2O3 particles situated on the Al alloy
grain boundaries. The micrograph supports the notion that
plastic deformation and bonding were limited by the presence
of Al2O3 particles on Al alloy particle surfaces.

Micrographs of the compacted 2124-Al/10%SiC powder
are shown in Figures 11(a) and 11(b). These images show
that consolidation was achieved by localized deformation at
grain boundaries where there were few or no SiC particles.
The same result was obtained for 2124-Al/15%SiC composite
(not shown). This shows that in composite powders where
reinforcing particles have settled on grain boundaries, consol-
idation is achieved by localized deformation at small contact
points between matrix grains.

The uniaxial compression tests performed in the Gleeble
3500® at ambient temperature were unsuccessful, as the
green compacts fractured immediately under the compressive
load, as shown in Figure 12.

Engineering stress-strain curves from uniaxial
compression tests performed at ambient temperature 
(Figure 13) show the deformation behaviour of 2124-Al
alloy, 2124-Al with 5%Al2O3 and 2124-Al with 10%SiC at
ambient temperature. The three materials behaved in a
similar manner during deformation since their stress-strain

�
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curves follow the same trend. The compressive fracture
stresses of the 2124-Al, 10% SiC MMC and 5% Al2O3 MMNC
green compacts were similar at approximately 170 MPa. The
peculiar shape of the stress-strain curves shows that the
green compacts initially compressed and elastically deformed
to a stress of approximately 170 MPa and then started to
fracture as the plastic region was approached, leading to a
sharp decrease in stress.

In initial testing at a programmed temperature of 280°C,
electrical resistance heating of the green compacts did not
occur, which was attributed to the high electrical conductivity
and low resistance of aluminium. High electrical conductivity
resulted in poor heat generation because electrical resistance
in the samples was low (Ozturk et al., 2016). It was
presumed that the small sample size (d=8 mm, h=12 mm)
also caused rapid heat loss .After further experimentation,
the green compacts were heated successfully by using fibre
optic wool and a conductive foil wrapped around the samples
as insulation in order to retain heat.

The deformation behaviour of 2124-Al with 5% Al2O3,
10% SiC and 15% SiC at 280°C is shown in Figure 14. The
peaks of the curves represent the maximum flow stress. It is
interesting to see that the 10% SiC sample showed a higher
flow stress (200 MPa) than the 15% SiC sample (170 MPa).
This could be a result of improved consolidation during
compaction of 2124-Al with 10% SiC compared with 15%
SiC. 

The higher temperature improved the shape of the
compression curves, removing the sudden drop in stress after
elastic deformation that was seen in the ambient temperature
tests. This indicates that the deformation was more uniform,
which can be attributed to improved plastic flow due to an
increase in temperature (Osakada, 1997).  

The soaking time was increased from 6 to 20 minutes for
the MMC green compact with 10 vol.% SiC to assess the effect
of soaking time on deformation behaviour, as shown in
Figure 15. The shape of the flow stress curve improved and it
looks more like a standard compressive stress-strain curve.
The various points and regions (elastic region, plastic region,
maximum flow stress and final fracture point) on the curve
can easily be identified. This shows that an increase in
soaking time improved plastic flow in the material and
improved the deformation behaviour.

Increasing the soaking time from 6 to 20 minutes
decreased the maximum flow stress from 200 to approxi-
mately 170 MPa. Holding the sample at an elevated
temperature for an increased time leads to more atoms
gaining energy, thus the flow of particles in the material is
improved (Arya et al., 2016). Deforming the material became
easier and a lower load was required to deform the material.
As the soaking time did have an effect on the deformation
behaviour it should be carefully selected. 

The deformation behaviour, at warm working temperatures,
of green particle-reinforced aluminium composites produced

Deformation behaviour of aluminium low-micron MMCs and MMNCs
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by powder blending in a high-energy ball mill was
investigated by performing uniaxial compression tests in a
Gleeble 3500® thermomechanical simulator. 

1.  After blending, the morphology and size of the 2124-
Al powder and the distribution of the SiC or Al2O3

reinforcing phase on the aluminium alloy particles
were consistent over three batches

2.  A more uniform distribution of the reinforcement
phase was achieved in 2124-Al composites with nano-
Al2O3 than with micro-SiC

3.  Long-term storage of the age-hardenable aluminium
alloy powders caused ageing, which results in a
change in the powder characteristics such as hardness.
Ageing was reversed by heat treatment of the unrein-
forced and blended powders into the over-aged
condition

4.  Electrical resistance heating of green compacts of
aluminium alloy 2124, its MMC composites with SiC
and MMNC composites with Al2O3 can be improved by
insulating the samples with fibre optic wool and a
conductive foil

5.  The deformation of the 2124-Al alloy, 10% SiC MMC
and 5% Al2O3 MMNC green compacts was poor at
ambient temperature and the compacts had similar
compressive fracture stresses. Improved deformation
behaviour was observed at 280°C and the MMC with
10%SiC had the highest maximum flow stress
(approx. 200 MPa)

6.  Increasing the soaking time at 280°C from 6 to 20
minutes decreased the maximum flow stress from 
200 MPa to approximately 170 MPa and improved the
compressive deformation behaviour of the 2124-
Al/10%SiC green compact.
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Over the years it has become apparent that
even though high-chromium white cast irons
are highly efficient abrasion-resistant material,
a combination of excellent wear resistance and
fracture strength remains difficult to achieve.
The exceptional wear resistance of high-
chromium white cast iron (HCWCI) is
attributed to hard chromium carbides
embedded in an austenitic/martensitic/pearlitic
matrix. When the chromium contents exceed
12 wt%, interconnected MC3-type carbides of
conventional cast irons are replaced by rod-
shaped and isolated M7C3 carbides (Powell,
1980), leading to an improvement in the
impact toughness, ductility and fatigue
resistance. However, the main M7C3 carbides
in HCWCI are hard and brittle and can provide
an easy path for crack propagation. This limits
the applications of HCWCI, particularly in
severe impact conditions. Most operations
involving HCWCI are in crushing and grinding
and the life of a part/liner is limited by its wear
resistance. However, improving the wear
resistance of HWCI comes at the cost of a
significant reduction in fracture strength.
Concerns about premature failure of HCWCI

mill liners in the mining industries prompted a
study to improve the wear resistance and
mechanical properties of HCWCI.

Addition of alloying elements to HCWCI
can significantly change the microstructure,
which may result in adequate combinations of
wear resistance and fracture strength (Powell,
1980; Filipovic et al., 2013). Most studies
have shown that eutectic carbides influence
the fracture strength of the white cast iron and
by controlling the morphology of the carbides
and the matrix structure, can lead to major
improvements in the fracture strength
(Filipovic et al., 2013, 2014; Filipovic, 2013).
Research and development is ongoing on the
effect of microalloying, heat treatments and
different casting techniques on the properties
of HCWCI. This is aimed at widening the
application of these alloys by extending their
service life and minimizing the maintenance
cost through addition of strong carbide
formers such as vanadium, tungsten, niobium
and titanium (Liu et al., 2005; Radulovic et
al., 1994; Sawamoto, Ogi and Matsuda, 1986;
Anijdan et al., 2007; Chung et al., 2009; Lu,
Soda and Mclean, 2003). Strong carbide-
forming elements like vanadium, tungsten,
niobium and titanium may also be added to
improve the mechanical properties (Filipovic,
2013; Liu et al., 2005; Radulovic et al., 1994).

Addition of vanadium to HCWCI can form
vanadium carbides, which are much harder
than M7C3 carbides and may lead to
strengthening of the austenitic matrix and
improve the fracture strength of the HCWCI
(Liu et al., 2005). The hardness of vanadium
carbides differs with composition; their round
morphology reduces splitting to the matrix and

Grain refinement of 25 wt% high-
chromium white cast iron by addition of
vanadium
by L.A. Mampuru*, M.G. Maruma* and J.S. Moema*

Mill liner wear is a major cost item in the mining industry and there is
continuous research to prolong the life of the liners. Over the years it has
become apparent that even though high-chromium white cast irons are
highly efficient as abrasion-resistant materials, a combination of wear
resistance and fracture strength remains difficult to achieve. Increasing
the hardness of the high-chrome white cast iron (HCWCI), which improves
the resistance to abrasion wear, is often accompanied by a deterioration in
fracture strength. Operational conditions inside the mill require that the
liner should be made of highly wear-resistant material with some fracture
strength. Vanadium additions ranging from 0.2 to 3 wt% were made to
HCWCI in an attempt to refine the microstructure. It was found that an
increase in vanadium content promotes grain refinement. A content of 
1.5-3 wt% gave the best results as measured by the maximum breaking
strength.
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improves the fracture strength due to formation of a fine-
grained microstructure (Nelson, 2010; Liu et al., 2005).
Dupin and Schissler (1984), as quoted by Filipovic (2013),
indicated that the addition of as little as 1% vanadium does
not produce any vanadium carbides, but refines the eutectic
carbides. This conclusion is supported by Bedolla-Jacuinde
(2001), who indicated that even the addition of 2 wt.%
vanadium did not form any vanadium carbides but increased
the volume fraction of the M7C3 carbides (Filipovic,
Kamberovic and Korac, 2011). 

Most of the work to date has been aimed at improving the
tough of HCWCI, mostly on the hypereutectic alloys. The
research was centred on modifying the shape of carbides but
there has been no breakthrough. The work in this current
study focuses on improving the fracture strength of hypoeu-
tectic white cast iron by the addition of vanadium. 

Melting of the HCWCI alloy was accomplished in a medium
frequency induction furnace with a capacity of about 150 kg.
The molten metal was poured into a sand mould and allowed
to cool to room temperature. The chemical compositions of
the alloys produced are given in Table I. The test materials
produced for this project consisted of HCWCI in the form of
50 × 100 × 500 mm flat rectangular test bars (i.e. thickness ×
width × length) as shown in Figure 1a.

The alloys were examined for surface defects before
proceeding with testing and there was no indication of
defects (Figure 1b). The specimens were then polished and
etched with 3% Nital. The microstructural analysis was
carried out using an Olympus PGM optical microscope
equipped with Analysis Image software and a scanning
electron microscope

Brinell hardness measurements were performed through
the cross-sections of the as-cast test samples, using a load of
750 kg. The measurements were taken from the surface to
the centre of the rectangular test sample to ascertain if there
were any hardness gradient changes within the test sample.
It was found that the difference was minimal. Bending tests
are intended for brittle materials when the scope of test is to
determine the strength of material. To determine the bending
strength Qmax, the beam must be so proportioned that it will
not fail in shear or by lateral deflection before reaching its
ultimate flexural strength. Hence, for a rectangular part in a
three-point bending test, bending strength is the highest
stress at the moment of rupture. Usually, long specimens
with higher length to depth ratio (L/h >10) are
recommended. 

The microstructure of the as-cast reference alloy is shown in
Figure 2a. The microstructure consists of primary austenite
dendrites surrounded by a eutectic mixture of carbide
particles and austenite. In hypoeutectic cast iron, solidifi-
cation proceeds with austenite, eutectic vanadium carbides
(VC) and finally M7C3 carbides. It can been seen from Figure
2a that the M7C3 carbides are of a rod and needle type of
morphology and that the stress concentration factor will play
a larger role when the material is exposed to an impact.
Addition of vanadium to HCWCI has changed the needle-
shaped M7C3 to an isotropic morphology. This change in the
carbide morphology may play a critical role in determining
the fracture strength of the HCWCI.

The scanning electron microscope analysis of the alloy in
the as-cast condition and corresponding EDS composition
maps are shown in Figures 3 to 5. One can see that the
element distributions are consistent with the identified
phases in the microstructure. The microanalysis of the phases
shown in Table II reveals that V substituted Cr and Fe in M7C3

up to about 2.5 wt% V. V was also dissolved into the
austenitic matrix, reaching a maximum of about 0.3 wt%.
The presence of vanadium carbide particles in M7C3, which
would result in significant refinement of the M7C3 carbides by
acting as the heterogeneous substrates of M7C3 carbides, was

�
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Table I

Reference ASTM A 532 Class III
Alloy 1 ASTM A 532 Class III + 0.2-0.8V
Alloy 2 ASTM A 532 Class III+ 0.8-1.5V
Alloy 3 ASTM A 532 Class III+1.5-3.0V



not observed. The results are in agreement with those of
Dupin and Schissler (1984), who did not detect vanadium
carbide formation in HCWCI with 1% V additions. This may
be due to the lower vanadium content as reported by
Sawamoto et al. and the literature has indicated that
vanadium carbide can form when the V content exceeds 5%
(Sawamoto, Ogi and Matsuda, 1986). This is in contradiction
to the work by Filipovic (2013), which indicated that
vanadium-rich carbides are found in Fe–Cr–C–V irons
containing 1.19–4.73% V.

However, the grain refinement effect of M7C3 carbides
with an increase in vanadium content can be explained by
their influence on the eutectic solidification temperature.
Filipovic, Kamberovic and Korac (2011) indicated that the
addition of V decreased the liquidus temperature and
increased the eutectic temperature, thus the eutectic solidifi-
cation temperature interval was decreased. It has been
previously reported that the carbides’ spacing increases with
the increase in the eutectic temperature range, so the
decreasing eutectic temperature interval effectively reduced
the carbides’ spacing due to the addition of V (Ogi,
Matsubara and Matsuda, 1982).

Effect of vanadium on the hardness of the HCWCI is shown
in Table III. The hardness of the material is directly propor-
tional to the wear resistance, i.e. an increase in hardness will
lead to improved wear resistance. It can be seen from Table
III that the bulk hardness increased and then decreased with
increasing vanadium addition

The variation in hardness is attributed to two factors.
Firstly, vanadium dissolves in the austenite and improves
austenite hardness by solid solution strengthening. Secondly,
from the microstructural analysis using SEM, vanadium
existed in M7C3 carbides and this may have increased the
hardness of M7C3 carbides as Ma et al. (2013) indicated. The
results in Table III indicate that addition of vanadium led to
improved wear resistance while retaining the fracture
strength.

Table IV shows the experimental results of the fracture
strength. Vanadium contributes to the improvement of
fracture strength of Fe–Cr–C–V alloys in the as-cast condition
as measured by the stress required to fracture the HCWCI.
This increase in fracture strength indicates that the vanadium
addition had a beneficial effect on the properties of HCWCI.
Figures 3 to 5 show a clear dispersion of the vanadium in the
matrix, and this might have led to matrix hardening/
strengthening and hence improved the fracture strength. 

Grain refinement of 25 wt% high-chromium white cast iron by addition of vanadium
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Table II

ASTM A 532 Class III + 0.2-0.8%V M7C3 1.2 0.6 67.7 30.5

Matrix 1.1 0.1 16.5 81.4

ASTM A 532 Class III+ 0.8-1.5%V M7C3 1.5 0.3 68.4 29.6

Matrix 0.2 0.25 19.4 79.2

ASTM A 532 Class III+1.5-3.0%V M7C3 2.6 2.5 60.3 34.1

Matrix 1.0 0.3 13.4 83.5

Table III

ASTM A 532 Class III 432
ASTM A 532 Class III + 0.2-0.8%V 555
ASTM A 532 Class III+ 0.8-1.5%V 485
ASTM A 532 Class III+1.5-3.0%V 514Trace elements: 0.5% V (Matrix 0.9), 1% V (Matrix 0.9) (M7C3 0.2) and 2%

V (Matrix 1.8) (M7C33 0.5



Grain refinement of 25 wt% high-chromium white cast iron by addition of vanadium

Morphology of the particles also plays a role. It can been
seen from Figure 2 that  in the reference HCWCI, the M7C3

carbides are of  the rod and needle type and therefore the
stress concentration factor will play a bigger role when the
material is exposed to an impact. The tip of the needle type
carbides will act as a stress riser and thus lead to reduction in
fracture strength. The increase in fracture strength brought
about by increasing the vanadium content is also in
agreement with the results of Liu et al. (2005), who
attributed the increase in fracture strength to the finer
primary austenite dendrites. Changing the morphology from
rod to isotropic therefore leads to a significant increase in
fracture strength.

The main aim of this project is to improve the mechanical
properties of high-chromium white cast iron (HCWCI) for mill
liners with special emphasis on improving the fracture
strength of these alloys. The influence of vanadium on the
grain refinement of HCWCI was investigated. The addition of
vanadium was found to change the morphology of eutectic
carbides from plate- and rod-like shapes to isotropic shapes.
Addition of vanadium led to an increase in fracture strength
in the cast structure. This was due to the fine-grained
microstructure and increased matrix strength through a
dispersion-hardening effect of vanadium – the fine secondary
carbides can increase the mechanical support offered by the
eutectic carbides.
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Table IV

ASTM A 532 Class III 184 400 332
ASTM A 532 Class III + 0.2-0.8%V 192 000 346
ASTM A 532 Class III+ 0.8-1.5%V 212 700 383
ASTM A 532 Class III+1.5-3%V 306 400 552



Metal injection moulding (MIM) is a novel
process, which combines the advantages of
powder metallurgy (PM) and plastic injection
moulding. MIM has found widespread
applications in the cost-effective production of
high-sintered density small parts with
complicated shapes and mechanical properties
equivalent to those of wrought materials
(German and Bose, 1977; Machaka and
Chikwanda, 2015; German, 2013). There are
four basic processing steps involved in MIM,
namely; feedstock preparation, injection
moulding, debinding and sintering. These
steps are discussed in greater detail elsewhere
(Machaka, Seerane and Chikwanda, 2014;
German and Bose, 1977; Machaka and
Chikwanda, 2015; German, 2013). 

Feedstock preparation involves mixing
metal powder with a carefully selected
composition of polymeric binder materials at a
specific temperature. The feedstock is then
granulated and injected into a predefined
mould die with the desired shape. The part

produced during the moulding step is referred
to as a ‘green’ component. The green
component typically contains no porosity since
the spaces between adjacent powder particles
are readily filled with the binder materials
(German and Bose, 1977; Li, Li and Khalil,
2007). Debinding is the systemic removal of
the binder components by chemical, catalytic,
or/and thermal means while maintaining the
shape of the component. The part produced
after the debinding step is referred to as a
‘brown’ component. Debinding is known to be
the source of porosity in brown components (Ji
et al., 2001; Tsai and Cen, 1995). Finally, the
brown debound part is sintered to full or near-
full density (Sotomayor, Várez and Levenfeld,
2010). The sintering step and associated
densification closes up the majority of the
pores. Sintered MIM parts are typically sintered
to high density (95–99%) and retain an
irreducible amount of residual porosity
(Barriere, Liu and Gelin, 2003; German,
1990).

Direct powder rolling (DPR) of metal
powders is a fairly new process (Cantin and
Gibson, 2015). The DPR process consists of (i)
roll compaction, sintering, mechanical working
and/or heat treatment (Ro, Toaz and Moxson,
1983) or (ii) roll compaction, hot rolling,
mechanical working and/or heat treatment
(Cantin et al., 2011). The rolling mill consol-
idates the powders into green compacts (Park
et al., 2012; Chikosha, Shabalala and
Chikwanda, 2014; Cantin et al., 2010;
Peterson, 2010). The green compacts produced
via DPR contain pores between the consol-
idated powder particles. Sintering or hot rolling

X-ray computed microtomography
studies of MIM and DPR parts
by N.S. Muchavi*, L. Bam‡, F.C. De Beer‡, S. Chikosha* and 
R. Machaka*

Parts manufactured through power metallurgy (PM) typically contain
pores that can be detrimental to the final mechanical properties. This
paper explores the merits of 3D X-ray computed tomography over
traditional microscopy for the characterization of the evolution of porosity
in metal injection moulding (MIM) and direct powder rolling (DPR)
products. 17-4 PH stainless steel (as-moulded, as-debound and sintered)
dog-bone samples produced via MIM and Ti-HDH strips (as-rolled and
sintered) produced via DPR and were analysed for porosity. 3D micro-
focus X-ray tomography (XCT) analysis on specimens from both processes
revealed spatial variations in densities and the existence of characteristic
moulding and roll compaction defects in agreement with traditional
microscopic microstructural analysis. It was concluded that micro-focus
XCT scanning can be used to study MIM and DPR parts for the characteri-
zation of the amount, position and distribution of porosity and other
defects. However, the majority of the sub-micron sized pores could not be
clearly resolved even at the highest possible instrument resolution.
Higher-resolution scans such as nano-focus XCT could be utilized in order
to fully study the porosity in MIM and DPR parts.
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followed by mechanical working and/or heat treatment is
performed to reduce the pores, resulting in a highly densified
part (Qian, 2010; Froes et al., 2004). The number, distri-
bution and evolution of pores throughout the DPR stages are
derived from the measured densities. The methods used for
density studies of powder metallurgy parts such as
dimensional measurements and the hydrostatic Archimedes
method can be labour-intensive and time-consuming as they
can involve sectioning and infiltrating specimens (Bateni,
Parvin and Ahmadi, 2011; Martin et al., 2003). As such,
nondestructive material testing such as gamma radiology,
ultrasonic tomography, eddy current measurements and
micro-focus X-ray computed tomography ( XCT) become
attractive alternative ways of identifying and characterizing
porosity and other flaws in a material (Bateni, Parvin and
Ahmadi, 2011; Kohn, 1972).

Recent developments have seen a growing interest in
XCT analysis both as a characterization and quality

inspection technique in material science; it has been
successfully applied to many different materials (Heldele et
al., 2006; Kara  and Matula, 2015; O’Brien and James, 1988;
Yang, Zhang and Qu, 2015a; Lunel, 2013; Mutina and
Koroteev, 2012; Tammas-Williams et al., 2015; du Plessis et
al., 2016; Alcica et al., 2010) to show the resolvable
microstructural features such as second-phase particulates as
well as defects such as inclusions, pores and cracks (Maire et
al., 2001). To date, the application of XCT analysis in
powder metallurgy has been explored by several groups: de
Chiffre et al. surveyed existing systems, scanning capabilities
and technological advances on a variety of XCT scanning
technologies while reviewing the state of the industrial
applications of XCT methods in general. Bateni, Parvin and
Ahmadi (2011) conducted in situ density measurements on
porous PM compacts using XCT techniques. O'Brien and
James (1988), Yang, Zang and Qu (2015a) and Kara  and
Matula (2015) reviewed the application of XCT techniques to
issues relating to powder compaction and compact ejection for
PM components. Ma, Li and Tang (2016) applied XCT
technique in characterizing the microstructural evolution and
densification mechanisms during the sintering of steel
powders. Aldica et al. (2010) used XCT in the characteri-
zation of mechanically alloyed MgB2 superconductor
materials consolidated by spark plasma sintering. Heldele et
al (2006), Weber et al. (2011), Yang, Zhang and Qu (2015b)
and Fang et al. (2014) investigated various aspects of MIM
parts using XCT. No literature sources currently available

report on the application of XCT techniques to study the
powder rolling process or intermediate MIM debinding stages.
However, available literature shows that XCT techniques
have found widespread quality inspection application in
studying porosity formation in additive manufactured metal
components and the formation of porosity therein (Tammas-
Williams et al., 2015;  du Plessis et al., 2016).

This paper explores the merits of 3D XCT over traditional
microscopy and inspection techniques for the characterization
of the evolution of 3D pore distribution, concentration and
size in MIM and DPR products. This technique will offer more
detailed results than the traditional microscopy technique,
which provides only 2D surface information of the specimen.

A bimodal 17-4 PH stainless steel powder material was
prepared for this work. It consisted of -15 m and -5 m
powder materials blended in a 75:25 weight ratio, respec-
tively; both materials were supplied by Atmix Corp. JP. 
Figure 1 shows the representative powder particle sizes and
spherical morphologies as observed under a JEOL JSM – 6510
scanning electron microscope (SEM). 

Table I summarizes the starting metal powder particle
sizes measured using a laser scattering particle size analyser
(Microtrac Bluewave). The material identification codes PS-
15 and PS-5 represent the particle sizes -15 m and -5 m,
respectively. Table II shows the typical chemical compositions
of the metal powder materials as obtained from the supplier’s
data specification sheets.

An injection-ready MIM feedstock was prepared by
compounding the bimodal 17-4 PH stainless steel powder
material with a proprietary wax-polymer binder system
developed at the CSIR (Machaka and Chikwanda, 2015). The
binder system consists of a major fraction of paraffin wax, a
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Table I

PS-15 2.65 7.91 23.1
PS-5 1.98 4.04 7.90



blend of low-density polyethylene, polypropylene and a
stearic acid surfactant of less than 1 wt.% of the binder
system composition. The feedstock was prepared in a sigma-
type blade mixer for at least 1 hour at 140°C in air.

Upon cooling, the feedstock was appropriately granulated
and injection-moulded into standard MPIF ‘dogbone’ tensile
specimens. The injection moulding was done at 140°C using
an ARBURG Allrounder 270U 400-70 injection moulding
machine. 

Debinding of green parts was performed in two steps. The
first step was solvent extraction of the low-molecular-weight
solvent-soluble binder components in n-heptane (Merck) at
60°C for up to 24 hours. The sample was subsequently dried
before being weighed to obtain the percentage weight loss of
the binder. The second step was thermal decomposition of the
backbone binder during the pre-sintering cycle. This was
accomplished in a Carbolite tube furnace under a controlled
flowing argon atmosphere at 550°C. The mechanism of this
thermal debinding procedure has been reported elsewhere
(Machaka and Chikwanda, 2015; Machaka, Seerane and
Chikwanda, 2014; Seerane, Chikwanda and Machaka, 2015)

The thermally debound components were sintered at
1300°C for 4 hours followed by furnace cooling. The argon
gas flow was maintained at 1.0 L/min. The microstructure,
density, microhardness and tensile properties of the sintered
components were investigated accordingly.

Ti-HDH 100 mesh (-150 m) powders supplied by Chengdu
Huarui Industrial in China were used. The powders were
rolled in a modified Schwabenthal Polymix 150T rubber mill
with a roll diameter of 170 mm. The rolling speed was set at
10 r/min with a roll gap of 0.3 mm. The set strip width was
varied at 20, 50 and 100 mm.

The masses of the strips were measured using an Ohaus
Explorer balance, the length and width were measured using
a Vernier caliper and the thickness was measured using a TA
micrometer screw gauge. Five measurements were taken for
each parameter and an average value used. The green density
of each strip was calculated using the measured mass, length,
width and thickness of the compact strips. 

Sintering was carried out in a Carbolite tube furnace at
1300ºC for 3 hours followed by furnace cooling. Argon was
used as an inert atmosphere at 1 L/min. After sintering, the
density of each strip was measured using an Ohaus Explorer
density determination kit based on the Archimedes principle
according to ASTM standard B311. The sintered compacts
were sectioned into several pieces, mounted, ground and
polished according to standard metallography procedures.
The microstructures of the polished samples were recorded
using a DM5000 optical microscope with Image Pro-AMS 603
software for recording the micrographs.

Representative as-moulded green component, dried brown
components and final sintered components were probed by
means of XCT to investigate the evolution of the pores
throughout the stages of MIM processing (injection
moulding, debinding and sintering). For the DPR process,
sintered samples that were 20, 50 and 100 mm wide were
probed to investigate the residual porosity in terms of the
position and distribution.

The X-ray computed tomography scans were conducted at
the Micro-focus X-ray Radiography/Tomography (MIXRAD)
laboratory using the NIKON XTH 225ST system based at the
South Africa Nuclear Energy Corporation (Necsa) (Hoffman
and Beer, 2012). The high-resolution system consists of a
tungsten target with a 3.7 m spot size with a variable
energy potential of approximately 25 to 225 kV. The
maximum resolution achievable at the detector is 200 m.
Each sample was scanned at a potential of 115 kV and beam
current of 100 A to obtain beam penetration > 10% from
background. During the scan the sample rotated in equal
angular steps through 360° to produce 1000 radiographs at
each step angle, which were then reconstructed using the CT-
Pro 3D-reconstruction software (Hoffman and Beer, 2012).
The reconstruction process transforms the acquired 2D
radiographs into a virtual 3D volume that is an exact digital
copy of the sample. This virtual 3D volume was analysed
using VGStudioMAX (ver. 2.2) rendering software, which
allows rendering of the sample in 3D. The background is
represented by darker grey values, whereas the sample has
lighter/bright grey values. This grey value difference was
used to determine porosity distribution within the samples.

Figure 2 depicts the differences between the as-moulded
green, solvent-debound and sintered components. The
surface appearance of specimens (a–c) gives an indication of
the binder lost from the green state to the sintered state and
this equates to the level of shrinkage that occurred. Specimen
(b) underwent solvent debinding and no significant
shrinkage difference was observed relative to the as-moulded
part. The linear shrinkage of the sintered sample (Figure 2
(c)) was calculated to be 12.5%.

The as-sintered dogbone specimens were used for tensile
tests without any preparation. The mechanical properties of
unimodal 17-4 PH stainless steel feedstock specimens are

X-ray computed microtomography studies of MIM and DPR parts
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17-4 PH ≤ 0.5 ≤ 0.3 3.0–5.0 15.5–17.5 3.0–5.0 0.15–0.45 Bal.
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reported elsewhere (Seerane, Ndlangamandla and Machaka,
2016). Table III summarizes the mechanical properties of
metal-injection-moulded 17-4 PH stainless steel obtained in
this study. The values are well above minimum standard
stipulated values (MPIF, 2016; ASTM International, 2005).

The densities of the sintered specimens were determined
according to ASTM B311 (Archimedes method). Specimen
hardness was determined at room temperature using the
Vickers hardness testing procedure.

Unless purposely intended (Chen et al., 2016), sintered MIM
parts are typically sintered to high density (95–99%); a small
amount of residual porosity may arise from (a combination
of) poorly formulated feedstock, the debinding process, gas
entrapment during sintering and/or incomplete sintering of
metal particles (German and Bose, 1977; German. 2013;
Machaka, Seerane and Chikwanda, 2014).

Figure 3 to Figure 5 illustrate the XCT 3D analysis of
reconstructed green, solvent-debound and sintered MIM
parts. The three steps conducted in each case involved (a)
reconstructing the 3D surface from raw data, (b) histogram
segmentation and identification of the open pores and interior
pores and inclusions from the background and (c) separating
the various individual components identified in Figure 2 for
structural properties such as relative volume, spatial distri-
bution, domain size and shape distributions, specific area,
interconnectedness and spatial orientation.

The reconstructed surface in Figure 3a shows the holistic
surface integrity of the green part and can also be used as a
versatile inspection tool (for obvious moulding defects and
resolvable surface porosity) and for dimensional
measurements. In Figure 3b, the 3D distribution surface and
interior pores in the green part volume are determined, while
in Figure 3c the identified defects are analysed in isolation.
The results aid the visualisation of the size and spatial distri-
bution of injection moulding defects. A maximum defect
volume of approximately 0.05 mm3 was identified; however,
no MIM-specific standards have been developed to determine
if such defect volumes are reparable in subsequent steps. It is
has been shown that some defects do occur in green parts
and these defects can be avoided or controlled by adopting
good tooling design and optimizing injection moulding
parameters (see Nor et al., 2009). 

Figure 4a shows a reconstructed 3D surface image of the
solvent-debound part that shows no evidence of surface
porosity. From Figure 3a, it is also apparent that the shape
form and dimensions of the green part are largely retained in
the brown part. The visualization of the debinding defects
and resulting surface porosity shows a two-fold increase in
the relative pore density to approximately 0.10 mm3 in
Figures 4b and 4c. This observation is expected since the
extraction of the soluble binder during solvent debinding is
known to be the source of porosity in the brown part (Ji et al.,
2001; Tsai and Chen, 1995). Hwang, Shu and Lee (2005)
have also demonstrated that pore channels develop and the
average pore size increases as solvent debinding proceeds.

Figure 4b shows remarkable differences between the
surface regions and the interior due to varying material
density. This difference can be used to determine porosity
distribution towards the sample surfaces arising from the
development of pore channels and increasing average pore
size during solvent debinding (Hwang, Shu and Lee, 2005).

Perhaps the most compelling evidence for the use of
tomographical probing techniques to non-destructively
investigate the 3D internal structure of MIM-prepared 
17-4 PH stainless steel is shown in the analysis of the
sintered part illustrated in Figure 5. Figure 5a shows a
reconstructed 3D surface image of a selected sintered part
exhibiting only some occurrences of open pores. Figure 5b
and Figure 5c however reveal the existence of an uncharac-
teristically large irregular subsurface feature with a maximum
defect volume of approximately 1.00 mm3. 

�
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Table III

This study 7.6 661 838 6.4 308#
Standards 7.5 650 790 4.0 279

# indicates that the hardness values were converted from HRC to HV in
accordance with ASTM A370 – 03A (ASTM International, 2003)



MIM-fabricated 17-4 PH stainless steel parts are intrin-
sically susceptible to porosity (Murray et al., 2011; James,
2015) which arises from innumerable sources during MIM
processing. However, after sintering, the pores are typically
near-spherical in morphology; see Figure 6a for example. The
origin of the ‘uncharacteristically large irregular pore’ feature
is attributed to either incomplete die cavity filling during the
injection moulding stage or (most probably) a combination of
pore formation due to gas entrapment (thermal debinding
evolved products) during sintering (German and Bose, 1977)
and the shrinkage porosity, since it is located in the thickest
section of the part. Such features are uncommon and are
therefore seldom reported. The observed open surface pores
after sintering can be attributed to either the residual porosity
from solvent debinding, voids remaining after thermal
debinding, or the evaporation of alloy elements (chromium
and manganese) due to their high vapour pressure during
high-temperature sintering (Murray et al., 2011).

A typical secondary electron SEM micrograph of the as-
polished 17-4 PH sintered specimen is presented in Figure
6a. The pores are evenly distributed and primarily spherical
in morphology; indicating that at 1300°C, sintering
progressed to its final possible stages.

The pore sizes and distribution were determined by
evaluating the SEM micrographs using ImageJ software
(Schindelin et al., 2015). The pore size distribution

histogram obtained from comprehensive image analysis is
presented in Figure 6b. The pore sizes observed exhibit a
lognormal peak (distribution mode approx. 1.0 m) with the
largest pores typically less than 4.5 m in diameter. The
largest pore sizes obtained from the image analysis are much
smaller than those detected by the lowest resolution of 10 m
that can be achieved by the XCT machine even after having
compromised on the size of the piece to be analysed.

Ti-HDH 100 mesh (-150 m) powders were supplied by
Chengdu Huarui Industrial Co., Ltd in China. The powder
particle sizes and morphology are reported elsewhere
(Motsai, 2016). The powders were roll compacted. Figure 7
shows photographs of rolled strips that are 20, 50 and 
100 mm wide. By observation, the rolled strips demonstrate

X-ray computed microtomography studies of MIM and DPR parts
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good densification without exhibiting obvious signs of
warping, cracking and alligatoring, which are typical rolling
defects (Park et al., 2012; Joo et al., 2005). 

Table IV summarizes the properties of the green (rolled)
and brown (sintered) Ti-HDH strips. The hardness values for
the higher density 20 mm strips were closer to the commer-
cially pure Ti grade 4. The hardness values were reduced for
the lower density 50 mm and 100 mm strips. A reduction in
hardness has been observed in powder metallurgy
components and is due to the amount of pores in the
components (Dutta and Bose, 2012). The density results
show an increase after sintering. However, full density was
not achieved by sintering for all the strips. 

Sintering of the strips in Figure 7 was carried out. Results of
the sintering studies showed that full density was not
achieved at the selected sintering condition used. These
measured densities do not provide any information regarding
the position and distribution of the pores within the strips.
Therefore, microscopy was carried out to determine the distri-
bution of porosity within the strips. The 20 mm strip was cut
in half along the rolling direction, mounted and polished.
Figure 8a shows a micrograph taken to include the edge of
the strip. It can be seen that the strip had a lower density at
the edge (right side of the micrograph) which increased
towards the centre (left side of micrograph) of the strip. For
samples larger than 20 mm, several samples were cut from
the edge, midway between edge and centre and centre of the
strips. Figure 9b and 9c show the micrographs of the 
100 mm wide strip from the centre and the edge of the strips
respectively. It is clear from the micrographs that the porosity
pattern is similar to that of the 20 mm strips was observed,
with the density being higher at the centre and lower at the
edge of the compact. 

It was also observed that after sintering, warping of the
strips occurred. The microscopy studies showed that the
sintered strips had non-uniform density across the width,
which implies non-uniform density in the green strips as
well. Density variations within the green strip are known to
create residual stresses and cause different densification rates
during sintering, which ultimately cause the dimensional
distortions (Khoei, 2995). It is therefore plausible that the
observed dimensional distortions (warping) of the sintered
strips in this study are a consequence of the non-uniform
density within the strips.

In order to understand the extent of density variations in the
DPR strips, an alternative XCT scanning technique was used.

The XCT scanning technique was evaluated for use as a non-
destructive test for detecting non-uniform densities, with the
additional benefit of elimination of the tedious microscopy
studies required to map DPR strips that are long and wide. 

By way of illustration, Figure 9 shows the visualization of
3D XCT data on a section of the 20 mm wide sintered rolled
strip. Similarly to the MIM XCT results shown in Figure 3,
three analysis steps were conducted in each case involving
(a) reconstructing the 3D surface, (b) the identification of the
open pores, interior pores and inclusions and (c) isolating the
open pores, interior pores and inclusions identified in (b) for
structural properties and visualisation

The reconstructed surface in Figure 9a shows the surface
defects such as chipping of the strip at the edges and the
different grey levels characteristic of the varying densities. No
other rolling defects are detected in the strip. Figure 9b shows
the 3D distribution of pores in the sintered volume while
Figure 9c shows the pores in isolation. The result confirms
the presence of density variations in the sintered DPR strips
as shown by the microscopy studies. Furthermore, XCT was
able to show that the pores are concentrated at the edges of
the strips, with some detected in the transverse direction to
rolling as is typical of compacts produced by non-optimal
rolling conditions. Using traditional techniques to detect these
density changes, sections of the strips are cut up, mounted
and polished to look for porosity differences in the compacts.
This process is destructive and tedious. In this study the
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Table IV

20 mm wide strip 3.7 4.3 268
50 mm wide strip 3.2 4.0 185
100 mm wide strip 3.2 4.0 180
ASTM CP Grade 4 Ti 4.51 280



visualization of the density variation and edge porosity is
made clear in Figure 9b and 9c. 

Results from this study show that XCT scanning is
suitable for characterizing small-sized samples such as the
20 mm wide strip shown in Figure 9. However, when the
examination of bigger samples such as the 50 and 100 mm
wide strips was attempted, the overall instrument resolution
was compromised, making it difficult to resolve the pore
structures. Owing to the size effects, it was necessary to
section wider or longer strips to small sections, requiring a
large number of scans to map out a significant size of the
compacts. This diminished the benefit of non-destructive
testing and ability to map out the densities for wider and
longer strips.

An important advantage of the XCT method is that no
specific sample preparation is needed. Detailed quantitative
and qualitative information obtained in this study relating to
the 3D internal structure of MIM-prepared 17-4 PH stainless
steel and DPR-prepared parts shows that XCT is a powerful
non-invasive and non-destructive measurement technique
that can be very useful for research purposes. Structural
parameters such as relative volume, spatial distribution, size
and shape distributions, specific area, connectivity and
orientation are resolved with the benefit of colour-coded
visualization of individual pores and inclusions according to
volume.  

Analysis of MIM and DPR parts demonstrated:
i.  XCT scanning conducted in this study demonstrated

the capabilities by detecting the amount, position, and
distribution of the pores in MIM and DPR parts, as well
as detecting sub-surface features such as shrinkage
pores as seen on the sintered MIM parts 

ii.  Comparative XCT and SE-SEM shows that the spatial
resolution of the XCT will limit the smallest
detectable variations in the as-produced porous
samples. Features smaller than the resolution will not
be measured correctly. Based on the findings, it is
therefore, concluded that a higher resolution scan
such as X-ray nano-tomography has to be used to
study porosity evolution in these parts

iii.  The examination of different pore structures in wider
or longer rolled strip samples (such as the 50 and 
100 mm) with XCT was not successfully achieved

with the required resolution, without the need to
section the wider or longer strips into small sections,
thus requiring a large number of scans.
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For the past few years Mintek has been
involved in a project in which a number of
alloys have been identified for grinding media
applications. The high-chromium white cast
iron (HCWCI) alloys were among the alloys
researched for this application. The knowledge
acquired from the grinding ball media research
has now been extended to mill liners, which
have traditionally been made of manganese-,
chromium- and chrome-molybdenum steels.
The replacement of worn mill liners costs the
mining industry a significant amount of
money and this has led to a need for
continuous research to prolong the life of the
liners. During milling operations, liner wear
has an adverse effect on the capacity of the
mill, the energy efficiency and milling
efficiency and finally leads to relining, to
replace worn liners.

The mill efficiency depends on the charge
motion, which in turn is largely influenced by
the liner profiles and performance. The choice
of a liner requires a holistic approach that
examines the compatibility with the mill
conditions, the mechanical performance and
the cost-effectiveness. The operating
conditions in a fine grinding mill require that
the liner should be made of highly wear-

resistant material with some fracture strength
such as (HCWCI). 

HCWCI contains a minimum of 2%C with a
chromium content ranging from 15% to 35%.
The term ‘white cast iron’ refers to the
appearance of a white fractured surface in the
material after damage, due to the presence of
white cementite. This material has been
proven to be effective for applications in
aggressive environments where wear and
erosion resistance are required. The high wear
resistance of HCWCI is attributed to the
microstructural constituents such as hard
primary and/or eutectic carbides of M7C3

(where M is iron, chromium and other strong
carbide formers) and a relatively ductile
ferrous matrix (Bedolla-Jacuinde et al., 2005,
2007; Adler and Dogan, 1999; Dogan, Hawk
and Laird, 1997; Stevenson and Hutchings,
1995; Radzikowska, 2004). Austenitizing at a
temperature above 1100°C leads to the precipi-
tation M7C3 carbides while below 1100°C the
precipitation of both M7C3 and M23C6 carbides,
which are rich in alloying elements, occurs
(Kootsookos and Gates, 2008). The precipi-
tation of secondary carbides lowers the alloy
content in the dendritic austenite and thus
raises the martensite start temperature, hence
the formation of martensite upon cooling
(Cetinkaya, 2006). 

The hardness of M7C3 is in the range of
1200 HV (Stevenson and Hutchings, 1995),
which may vary with the composition and the
ferrous matrix binds the hard M7C3 carbides
and provides the material with certain fracture
strength that is vital for handling high impact
forces (Bedolla-Jacuinde et al., 2005;

Effect of niobium on the solidification
structure and properties of
hypoeutectic high-chromium white cast
irons
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Cetinkaya, 2006; Lewellyn et al., 2004). Through appropriate
heat treatment and alloying, different structures of the matrix
can be formed. Pearlite, martensite and austenite are among
the typical microstructures of the matrix (Radzikowska,
2004; Cetinkaya, 2006; Lewellyn et al., 2004; Correa et al.,
2007; Thorpe and Chicco, 1985; Dolman, 2005). HCWCIs
thus typically have high strength and hardness. 

However, HCWCIs have low fracture strength. The
objective of this project is to improve the life and mechanical
properties of the current HCWCI alloys through grain
refinement. Grain refinement is the only strengthening
method that also improves the fracture strength of iron. Many
researchers (Zhang et al., 2014; Zhi et al., 2008a, 2008b)
have attempted to improve the mechanical properties of
HCWCI through grain refinement, especially in hypereutectic
HCWCI. However, their work focused more on improving the
wear resistance by increasing the hardness. This work
focuses more on improving the fracture strength of the
materials by the addition of niobium as a grain refiner.
Increasing the fracture strength of HCWCI will open doors for
other application outside of the mining industry.

Three HCWCI alloys were melted in a medium-frequency
induction furnace with a capacity of about 150 kg. Charge
material was prepared to give the targeted chemistry as
shown in Table I. 

The test materials produced for this project consisted of
HCWCI in the form of 50 mm × 100 mm × 500 mm
rectangular flat test bars (thickness × width × length) as
shown in Figure 1. The alloys were examined for surface
defects before proceeding with testing. Cast iron mould boxes
(0.5 m length, 0.38 m width and 0.14 m depth) were used to

accommodate both the drag (bottom) and cope (top) parts of
the pattern.

The alloys were austenitized at 875°C for 3 hours and force
air-quenched. Force air-quenching was chosen for an
increased cooling rate to avoid the formation of a pearlitic
microstructure. The samples were then tempered at 450°C for
3 hours then air-cooled to room temperature. This was
employed to transform all the retained austenite. 

Specimens were removed from the heat-treated samples,
polished and etched with Murakami and 3% nital. The
microstructural analysis was carried out using an Olympus
PGM optical microscope equipped with Analysis Image
software and by scanning electron microscopy.

Brinell hardness measurements were performed through the
cross-sections of the as-cast and heat-treated test samples,
using a load of 750 kg. The measurements were taken from
the surface to the centre of the rectangular test pieces to
evaluate whether there were any hardness changes within
the test sample. 

Bending tests are intended for brittle materials when the
scope of test is to determine the strength of material.
Specimens with dimensions of 50× 100 × 500 mm were used.
The cast blocks were placed in the specially designed mandrel
and the load applied to break them without any preparation
to the samples (i.e. machining). The specimen is placed on
two supports that are 300 mm apart (L) and the force applied
in the exact middle of the two supports (L/2). To determine
the bending strength Qmax, the beam must be so proportioned
that it will not fail in shear or by lateral deflection before
reaching its ultimate flexural strength. Hence, for a
rectangular part in a three-point bending test, the bending
strength is the highest stress at the moment of rupture.
Usually, long specimens with higher length to depth ratio
(L/h >10) are recommended. 

The microstructures of the as-cast alloys, depicted in 
Figure 2, consist of primary austenite dendrites surrounded
by a eutectic mixture of carbide particles and austenite. It can
been seen from Figure 2 that the M7C3 carbides are rod- and
needle-like in morphology and that the stress concentration
at the tips of the needle-type carbides will play a major role
when the material is subjected to impact loading. Addition of
niobium to HCWCI has changed the morphology of the rod-
shaped M7C3 to isotropic. This change in carbide morphology
plays a critical role determining the fracture strength of the
HCWCI.

Etching with 3% nital revealed the presence of a thin dark
layer surrounding the eutectic carbides. This layer was found 
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Table I

Alloy 1 ASTM A 532 Class III
Alloy 2 ASTM A 532 Class III + 0.1-0.4Nb
Alloy 3 ASTM A 532 Class III+ 0.4-0.6Nb



to be martensite (Figure 3). According to the literature (Zum
Gahr and Eldis, 1980; Matsubara et al., 2001; Turenne et al.,
1989; Tabrette and Sare, 1998, 1997, 2000; Tabrette et al.,
1996) the formation of the eutectic carbides in contact with
the primary austenitic phase leads to excessive consumption
of carbon and chromium in the interfacial region, depleting
these elements in the interface and increasing the Ms

temperature. As a result, martensite forms at the periphery of
the primary carbide particles.

The role of the Nb in grain refinement can be explained
as follows. The formation of the first precipitated NbC reduces
the carbon available to form primary M7C3 carbides and as a
result the volume fraction and the size of the primary M7C3

carbides decreases (Zhi et al., 2008b). The concentration of
Nb in the matrix and M7C3 is very low as this element tends
to partition into NbC in the Fe-Cr-Cr (Zhi et al., 2008b;
Hannes and Gates, 1997; Coelho et al., 2003; Baik and Loper,
1998). This results in niobium enrichment at the grain
boundaries of the carbides during solidification until NbC
precipitates due to solubility of Nb at the grain boundaries
being exceeded. The precipitated NbC impedes the prefer-
ential directional growth of the M7C3 carbides and result in
finer, isotropic carbides (Fiset et al., 1993; Zhi et al., 2008b).

Figure 4 shows the microstructural analysis of the HCWCI
after heat treatment. It is evident that the morphology of the
microstructure has changed significantly from the as-cast
condition. After heat treatment the microstructures reveals
the presence of primary and eutectic carbides in a martensitic
matrix. Precipitation of secondary carbides during austeni-
tising resulted in the depletion of carbon in the austenite and
during quenching the austenite partially transformed to
martensite (see Figure 5). Addition of niobium resulted in
grain refinement of the HCWCI.

The presence of NbC was also evident from SEM-EDX
mapping as shown by the dark spots in Figures 6 and 7.
Niobium is a strong carbide-forming element and it has been
found that NbC particles are formed before the precipitation
of primary carbides when niobium is added into the melts
(Fiset et al., 1993). 

The effect of niobium on the hardness of HCWCI is also given
in Table II. It can be seen that the as-cast hardness firstly
increases with the addition of Nb and then decreases with a
further increase in niobium. 

Effect of niobium on the solidification structure and properties of hypoeutectic

983VOLUME 116                     �



Effect of niobium on the solidification structure and properties of hypoeutectic

�

984 VOLUME 116   



The decrease in hardness can be attributed to a decrease
in the carbide volume fraction. The formation of the first
precipitated carbides consumed carbon in the alloy, so the
total volume fracture of M7C3 was reduced. The relationship
between total carbide volume fraction and carbon content
(weight fraction) is described as follows (Zhou and Su, 1986,
as quoted in Matsubara et al., 2001):

Vtotal = 12.33C + 0.55Cr – 15.2 [1]

Decreasing carbon and chromium lead to a decrease in
the total volume fraction of carbides and hence to a decrease
in bulk hardness.

The effect of niobium content on the maximum stress
required to break the HCWCI is indicated in Table III. It can be
seen from the results that niobium has a more positive effect
on the fracture strength than on the hardness. It should be
mentioned that the impact strength does not depend only on
the matrix but also on the volume fraction, distribution,
morphology and size of the carbides. 

The stress concentration factor plays a bigger role when
the material is exposed to impact forces. The micro-cracks of
carbides propagate quickly along the direction of minimum
resistance. Rod- and needle-like carbides provide an
environment for high stress concentration and an easy path
for crack propagation, hence they have low fracture strength.
Increasing the niobium content led to a finer eutectic
microstructure, which was beneficial to the mechanical
behaviour of the alloy. Finer, isotropic carbides weaken the
stress concentration factor compared to rod-and needle-like
carbides (Ma et al., 2013). This will lead to a decrease in the

crack propagation rate and when the alloy is subjected to
impact, the stress on the carbides can be rapidly transferred
to the soft austenite. 

As-cast specimens show better fracture strength
compared to the heat-treated samples. This can be attributed
to the austenite matrix acting as a cushion/arrester of crack
propagation by preventing brittle cracks from propagating
directly from one carbide grain to another (Ma et al., 2013).
Low fracture strength after heat treatment can also be due to
the precipitation of secondary carbides and the transfor-
mation of the matrix from austenite to martensite. However,
on the other hand the martensitic matrix is also
recommended for greater hardness and better wear properties
at the expense of fracture strength.

The aim of the project was to improve the mechanical
properties of the current high-chromium white cast iron
(HCWCI) mill liner material by applying grain refinement. The
addition of niobium was found to change the morphology of
the eutectic carbides from a plate- and rod-like shape to an
isotropic shape. The change in morphology was due the
precipitation of niobium carbides (NbC) at the grain
boundaries, which impedes the directional growth of the
M7C3 carbides and result in finer, isotropic carbides. Initial
addition of niobium led to an increase in hardness and
further increase in niobium lead to decrease in hardness of
the HCWCI. This trend was attributed to the decrease in
carbon content available to form chromium carbides, due to
formation of NbC.
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Table II

Reference 432
0.1–0.4%Nb alloy 485
0.4–0.6%Nb alloy 438
Reference (HT) 457
0.1–0.4%Nb alloy (HT) 354
0.4–0.6% Nb alloy (HT) 426

Table III

Reference 184 400 332
0.1–0.4%Nb alloy 314 450 566
0.4–0.6%Nb alloy 425 400 767
Reference (HT) 223 500 402
0.1–0.4%Nb alloy (HT) 201 200 362
0.4–0.6%Nb alloy (HT) 372 650 671
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The addition of Nb led to a significant improvement in the
fracture strength of both the as-cast and heat-treated alloys.
This increase in fracture strength was due to the finer eutectic
microstructure. There was a general decrease in the fracture
strength after heat treatment, which is attributed to the
precipitation of secondary carbides and the transformation of
the matrix from soft austenite in as-cast condition to hard
and brittle martensite after heat treatment. Austenite has a
higher intrinsic fracture strength compared to martensite, but
strain-induced martensite from impact forces may further
enhance the fracture strength.

Industrial liners will be produced using the optimized
chemistry. This will be done to validate the laboratory results
and for ease of comparison with what is currently in the
market.

The authors thank Mintek for financial support and for
permission to publish this article.
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